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Abstract

Molecular beam epitaxy has successfully been
used to grow crystalline layers of group [ll-nitrides
(GaN, AIN and InN) with cubic (zinc-blende)
structure. In this article, we discuss these efforts that,
despite inherent difficulties due to the metastability of
the ¢-III nitrides, led to substantial improvements of
the structural, electrical and optical quality of these
wide gap semiconductors. We review experimenial
work concerned with the epitaxy of c-GaN on various
substrates and the control of the growth process in-
situ, the important issue of p- and n-type doping of c-
GuaN and investigations of the structural and optical
properties of c-InGaN revealing the importance of
composition  variations in this material for the
understanding of its optical emission.

1. Introduction
Due to their inherent physical properties group
Hi-nitrides (GaN, AIN, InN) find enormous application
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in short wavelength optoelectronic devices and high temperature electronics. In the last
years tremendous research efforts have been taken to grow these semiconductors in high
quality by various growth methods.

Most of the activity has been devoted to Hi-nitrides with hexagonal (wurtzite)
crystal structure, which is the thermodynamically stable configuration of these
compounds. However, the lI-nitrides can also exist in the cubic (zinc-blende) structure,
which has only a slightly higher (in the order of 10 meV/atom) structural energy, due to
the same next neighbour configuration and the ionic character of the bonds [1]. The
growth of cubic IH-nitrides was strongly motivated by some advantageous properties,
which are all linked to their crystal structure. These are: a smaller electron and hole
effective mass and an easier access to p-type doping, a higher saturated electron drift
velocity and the possibility to produce laser facets by simple cleavage. However, in
order to exploit their potential for practical applications, the metastable cubic IHi-nitrides
have to be synthesized in sufficient good quality.

In this review we summarize the achievements, which have been reached in the last
years by a growing number of research groups with the Molecular Beam Epitaxy (MBE)
of cubic ii-nitrides.

2. Molecular beam epitaxy of cubic GaN

The metastable nature of the cubic phase requires growth techniques, which are
operating under far from equilibrium conditions. Using MBE, which is known as
nonequilibrium growth method, it has been proven by a number of researchers that c-
GaN, AlGaN and InGaN of good crystalline quality can be grown [2-20]. For the
epitaxial growth, various requirements have to be fulfilled simultaneously, namely, the
structural integrity between the nitride layer and the substrate, the nucleation, the
adjustment and the maintenance of optimum growth conditions in particular the surface
stoichiometry and the substrate temperature.

2.1. Substrates

The first important issue of the growth of cubic nitrides is the choice of appropriate
substrates, which are suitable for crystalline nucleation and growth. So far, 3C-SiC
[2,12, 13,21-25], GaAs [3,4,6,8-10,14-17,20,26-31], Si [5,7,32], GaP [19], InAs [27],
and MgO [11] have been used as substrates. All these substrates were used in
orientations having 4-fold symmetry, which is obviously an essential requirement for the
epitaxy of metastable cubic GaN. The metric misfit among these materials varies from
20% (GaAs/c-GaN) to -3.5% (3C-SiC/ c-GaN).

Despite the large misfit and the unavoidable tendency of the formation of hexagonal
phase material, crystalline growth of cubic GaN could be obtained reproducibly. This is
a first surprising and interesting result, because it is well known from growth theory that
for lattice mismatch exceeding 14% interface dislocations cannot be defined anymore
and coherence between the substrate and the layer is lost. The substrate materials, their
tattice mismatch to c-GaN and various growth parameters are listed in Table 1.

The most frequently used substrate material for ¢-GaN is GaAs because of its
commercial availability, the well known surface preparation procedures and the
possibility to generate cleaved facets. Silicon substrates also offer important advantages,
which are high surface quality, well established preparation and processing procedures
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Table 1. Some important parameters of the MBE of c-GaN.

substrate lattice mismatch | Taucleation Tyrowts epitaxial relation Ref.
material to c-GalN %] [°C] °Cj
GaAs 20.0 400-600 600-720 | (601)GaAs/{001)GaN |[3,4,31]
[1106]GaAs//[110]GaN [36, 1691
GaP 17.1 620 700 (001)GaP//(001)YGaN | {19}
[110]GaP//[110]GaN
(001)81 //(001) GaN
Si 16.8 400/650 600/650 [0011Si //[001]1 GaN_ |[7, 32]
MgO <7.2 450 700 00D)MgO/(001)GaN | [11]
[001IMgO//[001]GaN
3C-8iC -3.7 400-500 600-800 OODSIC //(001)GaN | [25]
[0011SiC/H/[0011GalN

and high thermal stability and conductivity. However, both substrate materials exhibit a
very large lattice mismatch to c-GaN and besides this, the use of Si is connected with the
common problems of the epitaxy of polar materials on non-polar surfaces.

The cubic modification of SiC (3C-SiC) has the smallest lattice mismatch to ¢c-GaN
and therefore seems to be a promising choice to overcome the problems of growing
highly mismatched heterostructures. Also the high thermal stability and conductivity of
3C-SiC are advantages. In fact, this material has been proposed first by Pankove [33] for
the epitaxy of c-GaN. 3C-SiC layers are usually prepared by various CVD-methods on
Si substrates. For the use as substrates in ¢-GaN heteroepitaxy, the 3C-SiC layers should
be relatively thick (3 pm) in order to reduce their defect density. However, that means
that the problem to overcome the extraordinary large mismatch is merely shifted from
the growth of GaN on Si to the 3C-SiC on Si epitaxy. The attempts of the semiconductor
industry to produce 3C-SiC on Si have been stopped few years ago because of mherent
difficulties. Therefore, the availability of this material presently 1s quite low.

The use of GaP as substrate material is connected with the same problems discussed
above and has been reported by T.S.Cheng ef al. [19] MgO substrates were used first by
R.C.Powell ef al. [11] to grow crystalline ¢-GaN by MBE. The main disadvantage of
MgQO is the poor conductivity and surface quality and therefore it has been used rarely.

A common feature of all growth experiments reported so far was the use of a low
temperature nucleation layer, which was grown at temperature about 100-200°C below
the optimum growth temperature of c-GaN. Low growth temperatures basically increase
the supersaturation and thus the resulting nucleation density. An almost completely
covered substrate surface is expected to result in a smooth and homogenous interface
morphology, which is a prerequisite for the growth of high quality GaN layers [7].

The optimum temperatures for the growth of c-GaN on different substrates are all
within a narrow range at about 680-740°C. This is significantly lower than the growth
temperatures reported for MOCVD of hexagonal GaN, which are 950-1100°C. An
analysis of the thermodynamic conditions for physical vapour deposition (PVD) of
various semiconductors showed that the optimum growth temperature is closely
correlated with the boiling temperature of the layer material [34]. A remarkable result of
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this study is the conclusion that the optimum growth temperature is about one third of
the boiling temperature. This relation seems reasonable because supersaturation and
diffusion are determined by transition enthalpies, which are correlated. Applied to GaN,
which has a melting temperature of about 2400°C an optimum growth temperature of
about 800°C can be estimated. On the other hand, it has to be considered that the thermal
decomposition of the c-GaN surface starts at temperatures above 800°C, characterized
by an nitially congruent and at higher temperatures incongruent evaporation of surface
atoms [35].

According to these thermodynamic prerequisites, it can be assumed that epitaxial
growth of ¢-GaN at temperatures at or slightly above 800°C can be performed under
conditions near a dynamic evaporation-condensation equilibrium, where in particular
displaced surface atoms have a much larger probability to re-evaporate. If the surface
mobility of one species involved is rather low, as it is known from the nitrides, such a
growth regime offers some advantages with respect to crystalline perfection.

Okumura et al. [25] reported the MBE growth of ¢-GaN on 3C-SiC substrates at
800°C. Using an additional As-flux (pASNIO'8 Torr) to stabilise the zinc-blende structure,
they found a remarkable improvement of the layer crystallinity as compared to lower
growth temperatures of about 650°C. The photoluminescence (PL) spectra of layers
grown at 800°C show sharp and intense excitonic emission at 3.27 eV, revealing the
high quality of the ¢-GaN epilayers. In addition, Secondary Ion Mass Spectrometry
(SIMS) showed that no significant amount of As is incorporated into the layers, which
underlines the role of As as an surfactant in the growth process at 800°C. It is evident
that high growth temperatures can only be realized with thermal stable substrates like
3C-SiC, Si and MgO. The most frequently used GaAs-substrates do not allow substrate
temperatures of about 800°C, due to the strong loss of As and the resulting
decomposition of the substrate during growth. Therefore, the optimum growth
temperatures for c¢-GaN on GaAs substrates given in the literature [3,4,6,8-10,14-
17,20,27-31,36] of about 680-720°C are clearly below of the estimated thermodynamic
optimum. They are obviously a compromise between the crystalline perfection of ¢-GaN
and the substrate stability.

In most cases the MBE of ¢-GaN on GaAs was initiated on a (2x4) reconstructed
(001) GaAs surface. This growth orientation allows to prepare laser facets by cleaving.
A typical growth procedure, which was described among others by Brandt et «l. [20]
consists of two steps. As a first step a low temperature buffer layer with a thickness of
about 10 nm was grown at about 600°C. Then the substrate temperature was ramped up
to 680-740°C and the layer growth was continued using carefully controlled
stoichiometric conditions.

The preparation of 3C-SiC surfaces was described in Refs. 2,12,37,38. Usually, the
SiC-coated Si wafers were etched in an HF solution to remove oxide layers and, after
loading into the growth chamber, thermally cleaned at 750-900°C for approximately 10-
30 min before the nucleation was started.

The pre-treatment of Si-substrates 18 quite similar to that of 3C-SiC. Cleaning in
different solvents, etching in HF-solutions and annealing at 750-850°C for 15-30 min in
vacuum or Hp-atmosphere were reported i the literature. [5, 7,32] The growth procedure
of GaN on 3C-SiC and Si-substrates is analogous to that on GaAs substrates. A low
temperature nucleation layer is grown first, followed by high temperature layer growth
as indicated in Table 1.
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The growth rates reported for optimized conditions are 0.1-0.4 ML/s [26]. The
dependence of the ¢-GaN growth rate on the Ga-flux is shown in Fig. 1. Under
conditions of N-excess the growth rate increases linearly with increasing Ga-flux
expressed as Ga-cell temperature. At a certain Ga/N - flux ratio the growth rate shows a
maximum value, which cannot be increased by further increase of the Ga-flux. The rate
limiting component under Ga-excess conditions is the N-flux, which was kept constant
in these experiments. The dashed line characterises the transition from N-excess to Ga-
excess conditions, which plays a decisive role in the control of the phase purity and the
structural quality of c¢-GaN layers. The respective activation energy of about 2.8 ¢V was
obtained from an Arrhenius plot of the growth rate. It is in good agreement with the
value found for evaporation of liquid Gallium. This confirms the assumption that the c-
GaN growth is controlled by the incoming Ga-flux at substrate temperatures of about
620°C and under N-excess conditions, e.g. a thermodynamically controlled growth
regime can be established at least for the low temperature growth stage.
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Figure 1. Dependence of the c-GaN growth rate on the Ga-effusion cell temperature. The
Nitrogen-flux and the substrate temperature (T, = 620°C) are constant.

A crucial prerequisite for the MBE of ¢-GaN was the development of new and
efficient sources for nitrogen effusion. Basically there are two different approaches to
generate Nitrogen atoms, which are needed in epitaxial growth:

(iy  Cracking of the N-N bond in Nitrogen molecules, which is one of the strongest
in nature, by appropriate plasma techniques.

(i)  Use of nitrogen containing gases with relatively weak Nitrogen- to- radical
bond strength, like NH; (ammonia) or Hy- (hydrazine) derivates like DMHy
(Dimethylhydrazine) or MMHy (Monomethylhydrazine).

The first approach leads to plasma-enhanced MBE, which does not change the
character of MBE as a physical deposition method. It is a promising technique to grow c-
GaN. Principally, either electron cyclotron resonance (ECR) or radio frequency (RF)
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plasma methods are used to obtain excited nitrogen. So far, many groups have reported
on electrical and optical properties of plasma-enhanced MBE grown GaN layers [39-41].
A systematic comparison of the properties and the plasma composition of ECR and RF
plasmas was published recently by Cho er al. [42]. It was found by Quadrupol Mass
Spectroscopy (QMS) measurements that in the ECR plasma the intensity of molecular
nitrogen was higher than the intensity of atomic nitrogen and both intensities were
increasing with increasing nitrogen pressure. In contrast to that the intensity of atomic
nitrogen in the RF plasma was always higher than that of molecular nitrogen and the
ratio between atomic-and molecular nitrogen was increasing with increasing nitrogen
pressure. The ECR plasma contains more highly excited atomic nitrogen and molecular
nitrogen as compared to RF plasma, where the atomic nitrogen is in the ground state and
excited nitrogen is in lower excited states. It was concluded that the optimum growth
window for ¢-GaN MBE 1s here narrower as for plasma. However no deep emission in
PL spectra was obtained by using rf plasma sources. We have found in own QMS-
studies that i dependence on the flow rate and the rf power applied, the content of
atomic nitrogen was of about 1-7% of the Ny-beam equivalent pressure.

The second approach is characterized by the introduction of additional gas species
besides the main components, into the growth process, and therefore, belongs to the
chemical deposition methods, like metal-organic{ MO) -MBE, or gas-source (GS)-MBE.
It should be pointed out that high quality ¢-GaN layers on GaAs substrates have been
grown by GS-MBE using DMHy as nitrogen source already in 1991 [4].

2.2. Nucleation

It is widely accepted that nucleation is the most critical step for obtaining ¢- GaN
layers of high phase purity. If the nucleation layer is formed predominantly in the
wurzite phase it cannot be transformed into the zinc-blende polytype. Due to the lower
total energy of the hexagonal phase compared to the cubic phase a structural
transformation of the nucleation layer by any activation steps can be made from the
cubic to the hexagonal phase but never vice versa. Wu et «l. [43] have found in MOCVD
experiments that GaN nucleation layers grown at 600°C on (0001) sapphire substrates
consist mainly of cubic phase material, which can be transformed into a hexagonal phase
after annealing at 950°C. It is obvious from this result that low substrate temperatures
are preferable for the formation of the cubic phase of GaN. Therefore, the stabilisation of
the cubic phase, which 1s an indispensable requirement during the nucleation stage, can
be supported by a low temperature process. However, since low substrate temperatures
generally result in poor crystalline quality, another set of optimized parameters has to be
found for the subsequent layer growth. Consequently, the dependence of the structural
quality of the c-GaN layers on the nucleation stage is quite complex, if one considers the
inherent difficultics of growing metastable phases, which tend to form hexagonal
microfacets and inclusions.

According to the growth theory [44] the island-density distribution function and the
island-size distribution function have to be measured to analyse the nucleation kinetics
of ¢-GaN. The nucleation of ¢c-GaN on 3C-SiC was investigated by Headrick et al. [45]
for using real-time x-ray scattering measurements and electron microscopy. Analysing
the time dependence of the volume of a growing nucleus and assuming that there is only
one characteristic size in the scaling problem, the authors have extracted a value of
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m = 2 for the kinetic exponent in the relation
chster oc t " (l)

where Vyeer 18t the cluster volume, t the growth time and m a kinetic exponent.

Besides others, the kinetic exponent m contains informations about the island
dimensionality. It was concluded that GaN islands initially grow in a quasi-two-
dimensional growth mode on 3C-SiC, where the lateral growth velocity is about ten
times larger than the vertical growth velocity during the pre-coalescence stage. After
coalescence the vertical growth continues at a lower and constant rate. These MO-MBE
experiments were performed at a substrate temperature of about 600°C using
triethylgallium and ammonia as gas sources.

Similar kinetic studies for the nucleation of ¢-GaN on GaAs substrates were not
reported up to now. However, from the analysis of cross sectional HRTEM 1mages at the
c-GaN/GaAs interface a rather detailed qualitative picture of the nucleation process and
the defect structure was developed [31]. Accordingly, the nucleation occurs by the
formation of three-dimensional islands which are epitaxially oriented with respect to the
GaAs substrate. Already in a very early pre-coalescence stage of the nucleation, the
islands are plastically relaxed by the formation of edge type misfit dislocations without
any climb or glide mechanism. Consequently, the interface between the 3D-islands and
the underlying GaAs appears highly distorted. From the existence of regular arrays of
edge-type misfit dislocations at the interface, Trampert ef al. [31] concluded that a
coincidence boundary is formed, which is characterized by an array of edge dislocations
with a period of five GaN lattice planes. Instead of the macroscopic lattice mismatch of
about 20%, a corresponding coincidence lattice mismatch of only -0,02% is effective and
therefore, the epitaxial relationship (001)GaAs/(001)GaN, [110]GaAs/[110]GaN
obtained reproducibly in the MBE experiments becomes understandable.

Once formed, the isolated 3D-islands of ¢-GaN on GaAs grow predominantly
laterally. When the coalesccence is reached, planar defects like stacking faults and
microtwins of high density (10'° cm™) are generated, which extend into the nucleation
layer.

In Fig. 2 a High Resolution Transmission Electron Microscopy (HRTEM) image of
the ¢-GaN/GaAs interface region is depicted. It shows a typical c-GaN/GaAs interface,
which appears as source for extended planar defects like stacking faults and microtwins.
The c-GaN nucleation layer is nearly relaxed just above the interface though there are
many stacking faults at the interface. Characteristic pyramid-like structures with {111}
facets, which are penetrating from the interface into the GaN layer, can be observed.

In comparison with the defect formation and defect density in ¢c-GaN nucleation
layers grown on 3C-SiC substrates some remarkable differences are observed [46]: (1)
Due to the smaller mismatch of about 3.7% in the GaN-SiC system, the lattice
discontinuity was observed every 30-40 atomic layers, and the defect density at the
interface is comparatively smaller than that of the GaN-GaAs interface. (if) The most
outstanding difference is regarded to the flatness of the interface. The interface between
c-GaN and SiC is extremly flat, so that even monolayer-step structures can be seen in
cross-section HRTEM images. (iil) An additional influence on the formation of cubic
islands and nucleation layers undoubtedly results from the presence of As during the
nucleation process, as it was proven by nitridation studies [14]. Nitridation i1s the process
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Figure 2. Cross-section high resolution Transmission Electron Microscopy image of the GaN-
GaAs(001) interface taken along the [110] direction after deposition of about 20 monolayers (ML)
GaN.

to generate a thin GaN layer by exposing the stationary GaAs surface to an nitrogen flux.
In this process, As-surface atoms will be replaced by N-atoms due to the stronger Ga-N
than Ga-As bond. However, the nitridation of the surface is not initiated uniformly but
occurs in a islands like growth mode, as it was found by Okumura er al. [46]. At low
island density, surface portions which are not covered by the GaN islands tends to react
with adatoms, which can generate macroscopic irregularities at the interface. Such
irregularities were studied systematically by Lima er al. [27], who have demonstrated the
additional influence of the surface stoichiometry during the growth of the nucleation
layer on the formation of rectangular holes of micrometer size. It should be pointed out
that surface irregularities of this type were not reported at interfaces of c-GaN grown on
3C-SiC substrates.

The nucleation stage of the epitaxial growth of ¢-GaN on Si was investigated by
Yang ef al. [32]. They found that the nucleation of ¢-GaN directly on (001)Si substrates
is obstacled by the formation of amorphous Si,N, clusters in the interface region. Due to
the low density of GaN-islands, the Si surface atoms can react with N-adatoms forming
clusters which leads to phase-mixtured and a textured microstructure of ¢-GaN layers
grown on (001) Si surfaces.

From these results, together with the observations during the nitridation of GaAs
surfaces, one can resume that a high island density during the nucleation stage favours
the phase purity of the c-GaN. The stabilisation of the cubic phase during the nucleation
period is promoted by (i) low substrate temperatures, (i) a high nucleation density,
which minimizes the interaction between the substrate surface atoms and the adatoms
involved, in particular the N- adatoms, (111) the presence of arsenic adatoms.

A high nucleation density is reached at high supersaturation conditions, which
implies the use of low substrate temperatures. The requirements (i) and (i1} unavoidable
lead to a decrease in the crystalline quality during the nucleation stage. However, by an
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intentional insertion of As-adatoms in the nucleation process, as it was proposed by
Okumura ef al. [25], the nucleation temperature and the subsequent grow temperature
may be increased without destabilising the formation of the single phase cubic GaN.

It has been mentioned already that the dependence of the structural quality of the c-
GaN layers on the nucleation stage is rather complex and obviously of more indirect
character. An example for the optimisation of the nucleation process with respect to the
resulting structural quality of ¢-GaN layers is given in the following.

Figure 3 illustrates the dependence of the crystalline perfection of 600-nm-thick
GaN layers, which were grown under constant optimum growth conditions on top of 4.5-
nm-thick nucleation layers. During the nucleation stage, which was performed always at
600°C, the Ga-flux was the only parameter varied in the experiments. When the atomic
N/Ga-flux ratio during the nucleation stage is of about two, the overall crystalline
perfection reaches a maximum, expressed as minimum of the corresponding rocking
curve width. Obviously, a slight Nitrogen- excess is required during the nucleation
process and promotes the formation of cubic islands. As will be seen below, the
optimum layer growth conditions of ¢-GaN, to the contrary, require a slight-Ga excess.
Similar results were obtained by Brandt ef /. [20].
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Figure 3. Rocking curve width of the (002) reflection of 600-nm-thick ¢c-GaN layers as a function
of on the Ga-flux during the nucleation stage. The atomic N-flux of about N=1.5x 10" atoms/
em™s™ was kept constant.

2.3. Growth optimization

The optimum conditions for the epitaxial growth of ¢-GaN are mainly determined by
two parameters, the surface stoichiometry and the substrate temperature. Both
parameters are interrelated, therefore an in-situ control of both substrate temperature and
surface stoichiometry is highly desirable. It can be achieved by monitoring the MBE
growth process by Reflection High Energy Electron Diffraction (RHEED). Surface
reconstructions yield evidence for flat and well defined growth surfaces. The study of the
surface reconstruction behaviour of ¢-GaN was one of the key issues for the
understanding of the nitride growth and the improvement of the crystalline quality of the
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epilayers. Reconstructed (2x2) RHEED patterns of GaN (001) surfaces grown on GaAs
were first reported by Strite ef al. [3]. Powell er al. [11] reported a (1x4) reconstruction
of GaN (001) surfaces on MgO. Okumura ef «l. [46] also observed a (1x4)
reconstruction of ¢-GaN grown on 3C-SiC. Brandt er al. [20] reported transitions
between (1x1), (2x2) and ¢(2x2) surface reconstructions of c-GaN on GaAs. Schikora et
al. [26] first reported a surface reconstruction diagram for the growth of ¢-GaN on GaAs.
Depending on temperature and the N/Ga flux ratio transitions between (1x1), (2x2) and
¢(2x2) reconstructions were observed. A similar behaviour was reported by Okumura et
al. [46]. They find a flux ratio depending transition between a (I1x1) unreconstructed
{001) GaN surface and a (4x1) reconstruction for the growth on 3C-SiC.

Basically the surface reconstruction is correlated only to the adsorption of adatoms
involved. It is well ecstablished that the boundaries between different surface
reconstructions coincide with iso-adatom coverage contours [47]. Therefore it was
surprising that fundamental different surface reconstructions were found experimentally
for the same material and surface orientations.

Figure 4 shows the surface reconstruction of c-GaN (001) in dependence of the
growth temperature and the Ga-flux at fixed atomic Nitrogen-flow rate. The dots
represent the stability range of the ¢(2x2) reconstruction, the squares show the stability
range of the (2x2) reconstruction. A superposition of both reconstructions occurs in a
narrow range in between. In Fig. 4 the nominal Ga-flux is related to the flux of atomic
nitrogen, which was kept constant in the experiments. Within the whole substrate
temperature range, the two distinctly different reconstructions were found to be stable, in
accordance with other published results [20]. Under Ga-rich conditions, a ¢(2x2)
reconstruction appears; layers grown under these conditions show n-type conductivity in
Hall measurements. The (2x2) reconstruction is associated with N-rich conditions giving
rise to p-type conduction [48]. Further increase of the N-excess leads to an
unreconstructed (1x1) surface structure. In a narrow range between the ¢(2x2) and (2x2)
regime, both reconstructions occur simultancously with different itensities of the
reconstruction lines, indicating a nearly stoichiometric balance between the atomic N
species and Ga adatoms on the surface. All points of the transition curve in the
reconstruction diagram coincide exactly with the transition region illustrated in Fig. 1 by
the dashed line. This proofs unambiguously that the ¢(2x2) to (2x2) surface
reconstruction transitions are due to a gualitative change of the surface stoichiometry.

The surface reconstruction diagram determined by Okumura et al. [46] for
(001)YGaN on 3C-SiC is depicted in Fig. 5. The Ga-flux is plotted versus the substrate
temperature for a fixed Np-flow rate. The most important difference to Fig. 4 is that the
transition curve separates a (1x1) and a (1x4) reconstruction. The (Ix1) reconstruction
represents Ga-excess whereas the (1x4) reconstruction appears for N-excess conditions.
Additionally it was proven that growth conditions on the transition curve yield identical
growth rates, indicating the stoichiometric character of the surface. The origin of
different reconstructions of GaN (001) surfaces was investigated experimentally by
Feuillet et al. [24].

They found that the intrinsic reconstructions of GaN (001) surfaces are the (1x1) and
the (1x4) reconstructions. The authors exposed the N-rich (I1x4) surface, as obtained
during growth on 3C-SiC, to an As background pressure of about 10™ Torr. Under As
exposure the reconstruction changed from (1x4) to (2x2). For Ga-rich growth conditions
the initial (1x1) reconstruction was transformed to a ¢(2x2) reconstruction under As
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Figure 5. The surface reconstruction diagram of (001)GaN grown on 3C-SiC after Okumura ef al.
[46].

exposure. The remarkable result found in this study was the persistent behaviour
observed for the As- mediated surface reconstructions. It was impossible to reverse the
As-induced (2x2) and ¢(2x2) reconstructions back to the corresponding (4x1) and (1x1)
reconstructions by decreasing the As cell temperature or increasing the substrate
temperature. This result was the first hint that As adatoms, which are intentionally or
unintentionally present in the growth process of ¢-GaN, can act as surfactants stabilizing
the cubic structure of the growing surface. Comprehensive and detailed first principle
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total energy calculations by Neugebauer ef al. [49] explained the divergent experimental
results. It was found that all energetically favored surfaces modifications of the polar
(001) GaN surface are Ga-stabilized and of metallic character. Even under extreme N-
rich conditions a Ga-terminated surface is energetically most farorable. Because of the
very different cohesive energies of the bulk phases of Ga and N and the small radius of
the N atoms, the Ga atoms at the surface can form metallic bonds even without any
relaxation similar to those in bulk Ga. They drive the formation of Ga-terminated surface
structures in the cubic nitrides. The unreconstructed (Ix1) surface obtained
experimentally on 3C-SiC substrates under Ga-excess growth conditions as well as on
GaAs-substrates under N-excess growth is therefore always Ga-terminated.

For As-free growth the equilibrium surface is a (I1x4) reconstructed surface,
consisting of linear Ga-tetramers lining up along the [110] direction. The (1x4) surface is
energetically only slightly more favourable than the ideal (ix1) Ga-terminated GaN
surface. Therefore the (1x4) reconstruction is an intrinsic reconstruction of the polar
GaN surface as it was suggested by Feuillet er al. [24].

For an environment, where As atoms are intentionally or unintentionally introduced
in the growth process, the energetic conditions are drastically changed. The
chemisorption of As atoms at the surface significantly reduces the surface energy. Under
these conditions a (2x2) structure with a half monolayer coverage of As dimers on a Ga-
terminated surface is the most stable configuration. The total energy of this surface is
much smaller than the energy of the intrinsic (Ix4) reconstruction in the whole
thermodynamically allowed range. This explains the experimental result that an As
contaminated (2x2) surface cannot be transformed back to a (1x4) reconstruction. In
addition the theoretical calculations have shown that structures with As in the second or
deeper surface layers are energetically less favorable than structures where As stays in
the top surface layer. Therefore As acts as surfactant, which reduces strongly the surface
energy and which is virtually immiscible with GaN. The (2x2) and ¢(2x2) reconstructed
surfaces obtained in As-contaminated systems are non-intrinsic surface reconstructions
of'the (001) GaN surface.

For the growth optimisation some important consequences can be derived [49]. For
clean or As-covered ¢-GaN the surface energy is reduced going from N-rich conditions
towards Ga-rich conditions. The stability of the (001} surface decreases and therefore the
tendency of forming wurzite clusters increases for N-rich growth conditions. The
optimum growth conditions are expected under shight Ga-rich conditions where the
surface energy is low.

Independent of the various types of surface reconstructions of the (001) GaN
surface, the transition between the Ga-rich and N-rich existence regions is of decisive
importance for the experimental control of the growth process. As mentioned above, a
prerequisite for the epitaxial growth of high quality c-GaN layers is the maintenance of
slightly Ga-rich conditions at a given substrate temperature during the layer growth
process. By monitoring the RHEED-intensities of the half-order streaks, which are
corrclated with the surface composition, growth control can be performed as reported
first by Yang er al. [30]. The desorption of Ga-adatoms from the (001) GaN surface
during short growth interruptions was measured. Due to the desorption of Ga atoms, the
surface composition is changed, leading to a variation of intensities of the corresponding
RHEED reconstruction lines. In order to quantify the relations, it was assumed that the
maximum intensity of the (2x2) reconstruction ling in the [-110] azimuth corresponds to
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a half monolayer coverage of Ga. Each deviation from this coverage, either by increase
of the surface Ga-coverage with subsequent formation of a ¢(2x2) reconstruction or by
increase of the Nitrogen excess, accompanied by the formation of the Ga-terminated
{1x1) surface will reduce the maximum intensity of the RHEED reconstruction line.
Therefore deviations from surface stoichiometry can easily be estimated in-situ from the
intensity of the half order reconstruction streak relative to its maximum.

A similar approach where the delay-time of the Ga-desorption during a growth
interruption was used as a measure of the deviation from stoichiometric surface
conditions is illustrated in Fig. 6. [50] The increase of reconstruction streak intensity
after closing the substrate shutter is delayed by a time t, indicating that during this time
the amount of Ga-atoms on the surface exceeds that necessary for the c(2x2)
reconstructed surface. Obviously the delay indicates that during t4 a "reservoir” of excess
Ga at the surface is emptied keeping the Ga-coverage high. As can also be seen in Fig. 6
ts measured after a growth period (shutter open) of 4 min is equal to twice the value of
obtained after 2 min growth. Therefore t4 reflects the desorption of excess (physisorbed)
Ga which is accumulated at the surface. In conclusion, the shorter the delay time t,, the
closer is the surface to its ideal stoichometric composition.
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Figure 6. RHEED-intensity of the half-order streak in the [-110] azimuth of a ¢-GaN (001)
surface. The growth interruption and growth continuation is initiated by closing and opening the
substrate shutter.

As predicted by the total energy calculations [49] epitaxial growth under N-rich
conditions destabilizes the cubic phase and results in the formation of the wurzite phase.
The RHEED pattern in Fig. 7 illustrates this behaviour. Integral order streaks of ¢-GaN
and the reconstruction lines at (0,-3/2) are clearly visible as it can be expected for the
(2x2) surface reconstruction. Besides this, additional reflections appear in the pattern,
which are associated with the formation of microfacets of a wurzite phase as it was
concluded from numerical calculations of the RHEED pattern within a kinematic model
[26].
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Figure 7. RHEED pattern along the [110] azimuth from a GaN (001) surface at N-rich growth
conditions and 720°C substrate temperature.

In contrast to that excess Ga-coverages of the surface favor the formation of Ga-
droplets, which are detrimental to the epilayer surface morphology. During growth these
Ga-droplets on the surface become saturated by nitrogen and GaN-microcrystals of some
um-size are formed by solution growth. Figure 8 shows a SEM photograph of such a
GaN microcrystal with zinc-blende morphology. The crystalline quality of the c-GaN
microcrystals is quite high, the PL intensity of the exciton line at 3.27 eV exceeds the
intensity of the D/A- recombination line at 3.15 ¢V by a factor of two, which was not
observed with MBE grown c-GaN epilayers up to now.

A powerful tool for the control and optimisation of epitaxial growth are RHEED
oscillations, which allow the in-situ control of the growth rate, the layer thickness and
the alloy composition with ultimate accuracy. It is generally accepted that RHEED
oscillations can only be observed when the growing surface is flat and the growth occurs
in a layer-by-layer growth mode. The 2-dimensional layer growth mode on the other
hand requires sufficient mobility of the surface adatoms. Zywietz ef al. [51] investigated
the diffusion of adatoms on the surface of nitrides employing density-functional theory.
They found that Ga adatoms - their diffusion barrier is about 0.2 €V - are very mobile at
typical growth temperatures while the diffusion of N adatoms -the diffusion barrier is
about 1.5 eV - is slower by several order of magnitudes. Further calculations have shown
that excess N strongly reduces the mobility of Ga-adatoms, due to the formation of
strong Ga-N bonds, which have to be broken during the adatom migration.

For these reasons RHEED oscillations are hardly to detect during the growth of c-
GaN and are not used routinely for MBE growth control. Nevertheless, RHEED
oscillations were first reported by Schikora er al. [26] for the MBE growth of c-GaN on
GaAs. The RHEED oscillations shown in Fig. 9(a) appear after growth interruption and
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Figure 8. GaN microcrystal with well developed zinc-blende morphology, grown within a Ga-
droplet by liquid-solid phase transition.

formation of an N-rich (2x2) surface at a substrate temperature of 740°C. The steep
initial rise of the 00-reflection intensity suggests that the growth onset is accompanied by
an effective surface smoothing. The oscillations are rapidly damped and entirely
disappear when the 00-intensity is recovered to its steady-state level. A growth rate of
about 0.08 ML/s was deduced from the oscillation period, which agrees exactly with the
growth rate derived from layer thickness measurements by optical interference
spectroscopy. The growth oscillations of Fig. 9(b) were recorded under the same growth
conditions, however, the surface was exposed additionally to an In-flux of about 107
Torr beam equivalent pressure. At a substrate temperature of 740°C one can assume that
practically no In-incorporation occurs and therefore, In most probably acts as surfactant.
It is evident from Fig. 9(b) that the growth oscillation are much more pronounced and
the oscillation period is changed suggesting an increased adatom mobility when In-
adatoms are involved in the surface kinetics. This conclusion was supported recently by
theoretical studies of surfactants for GaN-growth [52]. These calculations revealed that
due to the presence of In on the surface, a second diffusion channel for the N adatoms is
established, which reduces the diffusion barrier for N-adatoms by sub-surface diffusion.
As a consequence, the mobility of N-adatoms increases and the 2-dimensional layer by
layer growth mode is stabilized. However, In adatoms also influence the Ga- adatom
kinetics and the resulting growth rate, as confirmed recently by Adelmann et af. [53].
There is no doubt that further investigations of the role of different surfactant atoms, like
As, In, Bi or Sb are necessary and helpful to improve the MBE of ¢-GaN. It should be
noted that growth oscillations can be measured easier for h-GaN MBE and were used for
the control of the alloy composition of InGaN-alloys [22].

In spite of the difficulties inherent to the c-GaN MBE growth an impressive
demonstration of the high level of growth control reached so far up to now was given
recently by Martinez-Guerrero et al. [23]. The authors reported the first self-assembled
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Figure 9. RHEED-oscillations of the 00-reflection in the [-110] azimuth. Curve (a) shows the
growth oscillations under normal growth conditions, curve (b) shows the growth oscillations with
In-adatoms added to the surface.

growth of stacked c-GaN quantum dots QDs) using the Stranski-Krastanow growth
mode. The GaN quantum dots (QD) were formed on AIN buffer layers, which were
grown on 3C-SiC substrates. A basic prerequisite for the Stranski-Krastanow transition
is the existence of a flat, 2-dimensional wetting layer, which 1s elastically strained. For
the growth of stacked QDs, the overgrowth of the 3-dimensional islands by the barrier
layer material must be optimized. The 2-dimensional surface has to be recovered rapidly
for the following Stranski-Krastanow transformation. Using RHEED-control, atomic
force microscopy and transmission electron microscopy it was demonstrated that these
requirements were met in the MBE-experiments resulting in GaN islands densities of
about 10" cm™? [23]. The embedded c-GaN QD showed strong ultraviolet
photoluminescence without any thermal quenching up to room temperature. Due to the
fact that coherent growth of self-assembled QD exhibits particular advantages when the
surrounding crystal matrix disposes a large number of defects, as 1t is the case in the
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group II nitrides, it can be expected that these quantum dot structures will open new
fields of applications of the cubic nitrides.

3. Doping of cubic GaN

For advanced optoelectronic devices, like light emitting diodes (LEDs), or laser
diodes (L.Ds) controlled p- and n-type doping is crucial. [54,55] Dopants are
intentionally introduced to control the type and the magnitude of the electrical
conductivity. The dopants are chosen for optimum device performance. Therefore, the
development of any semiconductor device technology requires the selection and
characterization of dopant impurities. The research of c-lll-nitrides is currently at this
stage.

Up to now, Silicon and Magnesium were used as standard donor and acceptor
dopants in MBE. However, Magnesium has several disadvantages, which limit the
doping efficiency of Mg in GaN to maximum hole concentrations in the upper 10" em™
range. This is mainly ascribed to large acceptor ionization energy and compensation
effects [56]. Experiments showed that Mg is volatile, requires low substrate temperatures
and N-rich growth conditions [57,58]. These conditions are disadvantageous for the
epitaxy of high quality ¢-GaN layers, since N-rich conditions deteriorate phase purity
[261.

Among possible alternative acceptor dopants especially Carbon has received a
considerable interest due to its similarity to nitrogen in atomic radius and
electronegativity. Carbon doping of hexagonal Gallium Nitride (h-GaN) led to semi-
insulating properties or to a reduction of background electron concentration [59-61].
Abernathy et al. [62] reported on p-type doping of c-GaN by carbon. However, due to
the use of CCly a pronounced reduction in growth rate prohibited the incorporation of

higher C concentrations and the maximum hole concentration reached was 3x10" em™.

3.1. N-type doping

Elements of the group I'V on group Ii-site and elements of the group VI on N-site
can be incorporated as donors for n-type doping of group Hl-mitrides. The group-VI
impurities include O, S, Se and Te. Considering the atomic radius only O fits the N-atom
size and is believed to be incorporated easily. The group-1V impurities include C, Si, Ge,
Sn and Pb. The latter element has a large atomic radius and is therefore not expected to
incorporate easily in HI-Nitride semiconductors. The remaining group-1V impurities, 1.¢.
C, Si, Ge, and Sn share different charcteristics. First, all column IV impurities are
amphoteric, i.e. they can occupy either the group-Ill or the nitrogen site of the zinc-
blende lattice. As a result, group-1V impurities are donors or acceptors for cation site or
anion site, respectively. Second, due to their amphoteric nature column-IV impurities
may autocompensate and the electrical activity may saturate at high impurity
concentration. However, C has a size comparable to the N-atoms and is therefore
expected to be mainly incorporated as an acceptor. Si, Ge and Sn are expected to replace
Ga-atoms and act as a donor. These considerations show that Si and O may be the most
appropriated elements for n-type doping of GaN.

Doping of MBE grown ¢-GaN by Si was reported by As ef al. [63], Martinez-
Guerrero [64] and Lieral. [65]. Elemental Si was evaporated from an effusion cell at
source temperatures between 750°C and 1200°C.
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In Fig. 10 the Si-concentration measured by SIMS (full squares) and the free
electron concentration measured by Hall-effect at room temperature (full triangles) are
shown as a function of the Si source temperature Tg;. Both the amount of incorporated Si
as well as the free electron concentration follows exactly the Si-vapor pressure curve
(full line in Fig. 10) at Ts>1000°C [66]. The agreement between the values measured by
Hall effect and SIMS implies that all Si atoms are incorporated at Ga sites and act as
shallow donors. The maximum free electron concentration and mobility achieved so far
are 5x10" em™ and 75 cm?/Vs at room temperature, respectively. The concentration and
depth distribution of Si were measured by secondary ion mass spectroscopy (SIMS)
using implanted calibrated standards for quantification, and an O primary beam of 6
keV. Figure 11 shows the depth profile of Si, GaN and As for a ¢-GaN epilayer doped
with elemental Si at a Si-flux of 5.7x10" em™s™'. Silicon is homogeneously distributed
and no accumulation, neither at the interface nor at the surface was observed. At a depth
of 0.4 pm the Si-concentration was measured to be 2x10" cm™. This demonstrates the
ability of Si to be incorporated in a controlled way for n-type doping of cubic GaN up to
concentrations, which are necessary for the fabrication of optoelectronic devices.

At room temperature the optical properties are strongly related to the Si-doping
level. The integrated intensity of the luminescence (full dots in Fig. 10) followed the Si-
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vapor pressure curve and even at the highest free carrier concentration of 5x10" em™ no
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Figure 11. SIMS depth profiles of a Si doped cubic GaN epilayer on a GaAs (001) substrate (Si-
flux: 5.7x10 em™s™).

quenching of the luminescence was observed. The optical properties of Si doped cubic
GaN at low temperature are depicted in Fig. 12. At 2 K the spectrum of the sample
grown with the lowest Si-flux (8.5)(1()5 em?s’, Ty =750°C) is dominated by the
excitonic transition X at 3.26 eV and by the donor-acceptor pair transition (D°,A°) at
3.15 eV [67]. The binding energies of the donor and acceptor involved in the (D°,A°)
pair recombination were estimated to be 25 meV and 130 meV, respectively. A clear
shift of the (D°, A°) emission to higher energies was observed with increasing Si flux.
Beyond a Si-flux > 1.2x10" em?s' the (D°,A°) transition and the excitonic
transition merge to one broad band and the peak maximum shifts monotonically towards
higher energies with increasing Si doping. At the same time the spectral lineshape of the
main emission becomes strongly asymmetric with a steep slope on the high-energy side
and a smooth slope on the low energy side of the spectrum. Such a behavior is
characteristic for momentum nonconserving (nonvertical) band-to-band transitions or to
recombination of free electrons to local hole states and has been observed in the spectra
of GaAs heavily doped with Te [68] or Si [69]. The high energy edge of the
luminescence band was determined by the electron Fermi-level which shifts to higher
energies (Burstein-Moss shift [70]) as the conduction band is filled up with free
electrons. is indicated by arrows. In the highest doped sample the energy at half
maximum intensity B, has a value of 3.342 eV. For a corresponding carrier
concentration of about 5x10" cm'3, however, band filling of 240 meV was calculated
using an electron effective mass of 0.2 in GaN [55]. This indicates that due to exchange
interaction between free carriers the energy gap of cubic GaN has been shrinked from
3.305 eV without doping to 3.095 ¢V at an electron concentration of 5x1 0" em™. Asitis
known from GaAs, the reduction in band-gap energy due to the so called band-gap
renormalization (BGR) can be described by a n1/3 power law [71]. A BGR coefficient of
-5.7x10™ eVem was obtained for cubic GaN, which is comparable to that of hexagonal
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Figure 12. Low temperature PL spectra of Si doped cubic GaN.

GaN (-4.7x10™" eVem) [72]. A detailed analysis of the band gap narrowing in Si doped
cubic GaN has been performed in Ref. 73.

The electrical properties of Si doped ¢-GaN are depicted in Fig. 13 where 1/q.[Ry| is
plotted versus the Si-flux. Ry is the Hall constant and q is the electronic charge. At Si-
fluxes higher than 3x10'" cm™s™” the samples were n-type (full triangles) and, as already
discussed in Fig. 11, the measured free electron concentration exactly followed the Si-
flux (dotted line). Temperature dependent Hall-effect measurements further showed that
these ¢-GaN samples were fully degenerated. However, all samples doped with a flux
lower than 3x10" em™s" were p-type with a hole concentration of about 2x10'® cm™.
The hole concentration was independent of the Si-flux and was equivalent to the hole
concentration of nominally undoped ¢-GaN epilayers [48,74]. Thus it was concluded
that a residual acceptor concentration of about Ny=4x10" em™ exists in cubic GaN
epilayers, and that#he Si-donors have to compensate these acceptors.
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Figure 13. The inverse, room temperature Hall-constant 1/q. Ry of Si doped c-GaN
versus Si flux. Ry is negative above 3x1 0" ¢m™s”! and positive below 310" em?s™.

From temperature dependent Hall-cffect measurements of nominally undoped c-
GaN samples a thermal activation energy of about E, = 0.166 eV and acceptor
concentrations NA of about 4x10'® cm™ were estimated [74]. At room temperature the
hole concentration was p = 1x10'® em™ and the hole mobility was iy, =283 em’/Vs.
This value is included in Fig. 13 by an open square at the left side. The acceptor
concentration N, is in excellent agreement with the value estimated from the p to n
transition that occured in the Si-doping experiments. Assuming a constant residual
acceptor concentration and taking the room temperature values of the undoped
samples for p and p,, a simple two-band conduction model [75] was applied to
calculate 1/q.|Ry| versus Si-flux. The results of the two-band model are depicted in
Fig. 13 by the full curve and explain in a reasonable way the experimental observation.

In Fig. 14 the room temperature mobilities (i, p,) of Si-doped c-GaN epilayers
are plotted versus the measured free carrier concentration (n, p). The full dots and the
full triangles represent samples showing n-type conductivity. The open squares
correspond to nominally undoped p-type reference samples. The influence of the high
dislocation density (=10''cm™) on the electrical properties of c-GaN of layers grown
on GaAs is reflected by the dependence of the electron mobility on the free carrier
concentration. Similare to hexagonal GaN [76] the mobility first increases with carrier
concentration, reaches a maximum value of about 82 cm*/Vs at an electron
concentrations of 3x10" ¢cm™ and decreases again. This behavior is characteristic for
dislocation scattering and was explained by a theory recently developed for charged-
dislocation-tine scattering [77]. Theoretical calculations further showed that in c-GaN
edge dislocations shall introduce acceptor like states roughly 200 meV above the
valence band maximum [78]. This implied that threading edge dislocations are
electrically active in cubic GaN.




22 D. Schikora et al.

10" T

T=300K

Sererbeerhedudd

T

-
<
T

T

e
L]
o

TP

Mobility (cm?/ Vs)

—
[a]

T

1 5 prienl i sagsnl soaa sl [IERRRNTH bk Bl LR
1015 1016 1017 1018 1019 1020
1
q'IRHaI!l

(cm™)

Figure 14. Room temperature mobility of Si-doped ¢-GaN versus 1/q.]Ry]. Dots and squares are
experimental data, curves are calculated including scattering by dislocations which act as
acceptors. Full curve and dots-negative Ryy; dashed curve and squares - positive Ry,

X-ray diffraction and Rutherford Backscattering experiments revealed that the
dislocation density Ny in c-GaN/GaAs is of the order of 10" cm™ [79,80]. According to
Weimann ef al. [76] a residual acceptor concentration of about 6x10' e¢m™ was
estimated. This value agreed with the acceptor concentration necessary to explain the p-
to n-type transition.

The curves in Fig. 14 represent calculations of the room temperature mobility versus
carrier concentration for different electrically active dislocation densities Ny, For this
calculations polar optical phonon scattering, acoustic phonon scattering, ionized
impurity scattering and dislocation scattering were taken into account. The full lines are
for n-type and the dotted lines for p-type conductivity. The best agreement with
experimental results is obtained for a dislocation density of about 3x10'" em™ in good
agreement with x-ray diffraction data.

3.2. P-type doping

Controlled p-type doping is still a challenge in the growth of group Hi-nitrides. In
GaN the group H, Ga-site acceptors Be, Mg, Ca, Zn and Cd, together with the group 1V,
N-site acceptor C are potential p-type dopants. A common drawback to all these
acceptors 1s their large activation energy of about 200 meV, which limits the fraction of
ionized acceptors at room temperature to about 1%. Therefore, acceptor concentrations
in the order of 10°° cm™ are needed for hole densities in the mid 10" em™ range - as they
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are typical for e.g. laser diodes. However, such high acceptor concentrations severely
reduce the mobility due to scattering at neutral and charged impurities. In addition, the
limited solubility of the dopants or the tendency for selfcompensation further prevents
high doping concentrations. The great experiences accumulated with hexagonal GaN
showed that Mg is the prefered p-type dopant. However, Mg is subjected to several
disadvantages like self-compensation, segregation and solubility effects which limit the
usually reported doping efficiency of Mg in hexagonal GaN to maximum hole
concentrations in the upper 10'7 cm™ [56]. Doping experiments were less extensively
reported in cubic GaN [81-83] and were mostly concentrated on Mg [10,64,84-87].
Results of Be doping were quite disappointing since no p-type conductivity could be
achieved [88], however using co-doping of Be and O p-type conduction was
demonstrated and resistivites as low as 0.02 Qcm were measured [82]. A promising new
acceptor in ¢-GaN is C which gave hole concentrations close to 10" ecm™ at room
temperature [§9-92].

Mg doping of cubic GaN has been reported by Lin er ol. [10], As er al. {85] and
Martinez-Guerrero et al. [64]. Whereas Lin ef al. injected Mg into the ECR source using
N, carrier gas to enhance sublimation of Mg atoms, As ef al. and Martinez-Guerrero et
al. evaporated Mg from commercial effusion cells. Lin er al. obtained p-type c-GaN
epilayers on GaAs (001) substrates at low growth temperatures (580°C). Hole
concentrations between 8x10'¢ and 8x10" ¢cm™, and room temperature hole mobilities
between 39 and 4 cm?/Vs were obtained. Depth profiles of Mg in GaN showed a severe
Mg surface segregation. Since Mg was fed through the ECR source, primarily Mg" ions
were believed to be incident at the growth surface.

Using Mg effusion cells it is expected that neutral Mg is incorporated into the c-GaN
epilayers. In Fig. 15 the Mg concentration incorporated in c-GaN at 720°C as measured
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Figure 15. The Mg concentration in ¢-GaN measured by SIMS (squares) versus flux of the Mg-
doping cell. The dashed line corresponds to a Mg-concentration proportional to the flux of Mg
atoms.
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by SIMS is plotted versus the Mg flux (squares). Assuming a sticking coefficient of 1 for
Mg the dashed line is expected. However, although the Mg-flux was varied by more than
four orders of magnitude the Mg concentration varied by only one order of magnitude
(full line). The Mg doping level remains below 5x10™ cm™ and seems to saturate at high
Mg fluxes. A similar behavior was observed for MBE growth of hexagonal GaN [57]
and GaAs [93] and was expected to be due to the high vapor pressure of Mg resulting in
a high reevaporization rate of the physisorbed Mg atoms. It was suggested that Mg

incorporation occurs either via the presence of a saturated surface layer of Mg or via the
presence of specific configurational sites for Mg incorporation, so that the incorporation
1s nearly independent of the Mg arrival rate [57]. Recently, Mg incorporation as high as
1x10°” em™ has been reached at lower growth temperatures (T,,=680°C) for cubic GaN
grown on cubic SiC (001) [64]. However, at Mg doping levels exceeding 10" em™ a
severe degradation of the crystalline quality of the cubic GaN layers was observed [87]
and unfortunately no correlation between the hole and the Mg concentration has been
found.

SIMS depth profiles of Mg in cubic GaN showed two characteristic features at the
surface and at the GaN/GaAs interface and a homogeneous Mg distribution in between
[85]. At the surface a slight increase of the Mg signal occured, indicating segregation of
Mg. At the GaN/GaAs heterojunction an accumulation of the Mg atoms by more than
one order of magnitude was observed. This effect was attributed to an increased
diffusion of Mg to the GaAs substrate, similar to the observations made in Ref. 58 for h-
GaN on sapphire substrates. Due to the low operating temperature of the Mg cell it is not
very likely that transient effects of the Mg flux just after opening of the shutter will
result 1 this increased incorporation. However, the increased density of structural
defects near the interface due to the large mismatch between substrate and epilayer may
cause accumulation of Mg atoms. A significant amount of Mg was also found in the
nominally undoped GaN sample grown just after the doping experiments, due to
memory effects of the growth chamber.

Hall-effect measurements of the Mg-doped cubic GaN epilayers revealed that the
layers were p-type. In contrast to samples grown by metal organic chemical vapor
deposition no postgrowth treatment was required for GaN films grown by plasma-
assisted molecular beam epitaxy (MBE) since it employed hydrogen-free nitrigen plasma
as a source of active nitrogen. Figure 16 shows the temperature dependence of the hole
concentration and of the hole mobility (insert) of a sample doped with a Mg-flux of
10" ems! (IMg]sms=1 Tx10™ em™). Under the assumption of compensation the
temperature dependence yields for the shallow Mg acceptor an activiation energy of
Enmg=0.110 £ 0.020 eV. [84] The corresponding value for hexagonal GaN is 160 + 5 meV
[94]. However, as shown later in both cases the thermal activation energies are much
lower than the optical activation energies, which may be due to a strong relaxation effect
of the negatively charged Mg [95].

With increasing Mg flux no increasc of the free hole concentration py, was
observed at room temperature, 1t was even slightly decreasing with increasing Mg flux
(see also Fig. 18). The SIMS measurements, however, showed that the amount of
incorporated Mg increased, indicating that an Mg related compensating donor may be
incorporated during Mg-doping. This assumption is corroborated by PL-measurements.

Figure 17 shows 2 K photoluminescence spectra of cubic GaN epilayers grown at a
substrate temperature of 720°C, which were doped using different Mg fluxes. The lowest
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Figure 16. Hole concentration of a Mg doped c¢-GaN epilayer (Mg-flux 5.7x10™ em™s') as a
fuction of the inverse temperature. The activation energy of the shallow acceptor level is 0.110+
0.020 eV. The inset shows the temperature dependence of the hole mobility, which is dominated
by polar optical phonon scattering at temperatures above 300 K (full line).

Intensity (a.u.)

4

[o%]

o

—

0

Mg-related blue band ([?OAOM

8 LML S L O N O R L A B

FMg-flux (cm2s™!)
£2.5x 1019

F4.4 % 1014

5.7 x 1013

E‘(e AOMg)
(D OAO)
X

F50x 1012

F<1.0x 1010 L .
cundoped ]
e e Do b ada o doa o]

T

:

g)

TS )

1l

({Iil(l}l]fllll

1.8 2.2 2.6 3
Photon energy (eV)

3.4
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spectrum is that of an undoped reference sample grown before introducing Mg into the
chamber. Mg-doping at fluxes below 10" em™s” results in the appearence of a donor
acceptor transition (DO,AOMQ) at 3.04 eV. The donor participating in this line has the
same ionization energy as the one observed in the undoped sample. From the emission
energy an acceptor activation energy of Ey, = 0.229 eV is estimated. This energy is in
excellent agreement with recent theoretical calculations of Mgg, for ¢-GaN [96] and is
somewhat lower than that for the corresponding value of 0.265 ¢V for h-GaN [97]. At
Mg-fluxes exceeding 10" em™s™ the low energy side of the spectrum is dominated by a
broad blue emission band centered at about 2.85 eV, which is modulateddue to
interference effects (upper curves in Fig. 17).

With increasing Mg-flux a clear increase of the integral intensities of the shallow
transitions (DO,AOMg) and (C,AOMg) as well as the deep “blue” band was measured (see
Fig. 18), revealing that all three transitions are directly related to Mg incorporated in c-
GaN. Whereas the shallow transitions saturated at higher Mg-flux, this was not observed
for the blue emission. Since the free hole concentration was nearly independent of the
Mg amount it was concluded that the impurity involved in the blue band acts as a
compensating deep donor center [84]. This observation was in agreement with similar
observations made in h-GaN [98].

Temperature dependent PL-measurements showed that the binding energies of the
shallow Mg related acceptor and the deep Mg-related donor are 0.229 eV and 0.239 eV,
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respectively. The nature of this deep donor is unknown up to now, however it indicated
that also in ¢-GaN Mg is incorporated at different lattice sites or forms complexes at
high Mg fluxes. Theoretical calculations showed that Mg, Mgy or Mg-Vy act as
compensating deep donors in GaN. Since the formation energies of all these Mg-related
defects are low they are possible candidats for the impurity involved in the blue band
emission [96]. In h-GaN this blue band was attribute to Mg-Vy complexes [99].

Rapid thermal annealing experiments (30 s) in N, atmosphere showed that the defect
related to the blue band is thermally stable up to an annealing temperature of 1100°C. P-
type doping by Mg under N-rich growth conditons, which has been shown to be
benefitable in Mg-doping of hexagonal GaN [58], resulted in increased hexagonal
inclusions in c-GaN.

Due to the successful p-type doping of GaAs with C, it has been suggested that
carbon is an acceptor for GaN. Carbon is an acceptor in GaN when substituting nitrogen
[100] [101]. Carbon is the only group 1V element that has a small enough atomic radius
to fit the nitrogen site. Compared with other group Il acceptors such as Mg, carbon 1s
much less volatile and therefore not prone to cause memory effects in the MBE growth
system. Theoretical calculations reveal that Cy is an effective mass acceptor and that the
incorporation of C on the N site is preferred. However, due to the amphoteric nature of C
the concentration of Cy and Cg, may be comparable. In addition at high doping
concentrations Cg, and Cy have a strong tendency to form Cg, -Cy™ nearest neighbour
pairs, leading to self compensation [102,103].

A previous study of carbon doping of ¢c-GaN grown by metal organic molecular
beam epitaxy (MOMBE) on GaAs substrates indicated that carbon created shallow
acceptors and p-type conductivity [62]. However, due to the use of CCly a pronounced
reduction in growth rate prohibited the incorporation of higher C concentrations.

No successful p-type doping of hexagonal GaN by carbon has been reported up to
now. High-quality semi-insulating C-doped GaN layers with resistivies greater than 10°
Qcm have been grown with high reproducibility and reliability using methane gas
(cracked by an ion gun) as a carbon source in MBE [104]. Carbon doping using a
resistivity heated graphite filament in rf-plasma assisted MBE lead to a reduction of the
background electron concentration by one order of magnitude but the material remained
n-type [61]. At high carbon concentration a re-increase of the electron concentration was
observed, which was attributed to the introduction of a new carbon related donor.

Since carbon is present as a contaminant in most MOCVD processes, its role in the
compensation and unintentioned doping of GaN layers may be significant. Huge
amounts of carbon (>2x10" c¢m™) have been found in h-GaN proven by low-pressure
MOCVD using dimethylhydrazine (DMHy) as a group V source [105]. In plasma
assisted MOCVD using CH, as a carbon source SIMS analysis indicated large amounts
of Cand H (wi()m to 10 ¢m™) in the samples [106]. After annealing under a nitrogen
atmosphere, the films remained highly resistive. It was suggested that the C-H complex
is thermally stable and that H may passivate the C acceptors [106]. In HVPE samples it
was found that the incorporation of carbon by an propane/H, mixture produces a
significant yellow luminescence around 2.2 eV [60] similar to the yellow luminescence
observed by Ogino et al. [107] in intentionally C doped micro crystal powder and needle
like crystals. Photoluminescence investigations on undoped n-type GaN layers grown on
6H-SIiC and sapphire [108] and on Si [109] reveal the presence of residual acceptors
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with an optical binding energy of 230 meV, which 1s attributed to carbon on nitrogen
sites.

Carbon doping of MBE grown ¢-GaN on GaAs (001) substrates was achieved by e-
beam evaporation of a graphite rod through adjusting the applied e-beam power [89].
The C-flux was externally calibrated by means of growing C-doped Gallium Arsenide,
assuming a similar sticking coefficient of C on GaAs and GaN. It followed that a
maximum C-concentration of about 10°° cm™ should be achievable in c-GaN. This was
confirmed by SIMS measurements, which indeed showed a C incorporation in ¢-GaN of
2x10% em™.

The room temperature hole concentration as a function of the carbon flux of C-
doped cubic GaN epilayers is shown in Fig. 20. The hole concentration increased up to a
maximum value of about 6x10'7 em™ at a C-flux of 10° em™s”. This value was about
one order of magnitude higher than the value obtained by Mg-doping of cubic GaN [81]
and demonstrates the ability of C for p-type doping of cubic GaN. However, at high C-
fluxes a clear reduction of the free hole concentration was observed. This indicates that
at high C concentrations additional compensating centres were generated.
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Figure 19. Room temperature hole concentration of C-doped c-GaN versus flux of the Carbon
evaporation source.

The incorporation of Carbon in cubic GaN has a profound influence on the PL, as
can be seen in Fig. 20. A photoluminescence emission band at E = 3.08 ¢V appeared in
the 2 K spectra of slightly doped c-GaN layers. This transition was clearly different from
the well-known line at 3.27 eV (X) and at 3.16 eV (D", A" [67]. A detailed analysis of
the 3.08 eV band showed, that it was a convolution of two distinct lines separated by 25
meV at low temperatures (indicated by arrows in Fig. 20). At temperatures above 100 K
the low-energy contribution thermalizes and only the high-energy PL emission was
observed. Thus, the lower transition was attributed to a donor-acceptor recombination
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Figure 20. Photoluminescence spectra of ¢-GaN layers with different Carbon doping levels. The
intensity of the topmost spectrum has been multiplied by a factor of 25.

(DO,AO)C and the other to a C-related band-acceptor recombination (C,AO)C,, respectively.

From temperature dependent PL-measurements E, = 215 meV has been estimated
for the binding energies of the shallow C related acceptor. This value is 15 meV below
that of the Mg acceptors in ¢-GaN [85] and is also below the value known for hexagonal
GaN:C [108]. The donor involved has the same ionisation energy (25 meV) as the one
observed in the undoped and Mg-doped c-GaN samples [67].

At moderate Carbon concentrations the integrated intensity of the 3.08 ¢V band
increased linearly with the Carbon flux [91]. This is in agreement with the assumption
that the intensity of a donor-acceptor emission is proportional to the amount of acceptors
involved [110]. Above a C-flux of 10" em™s” however, the donor acceptor band
intensity decreased sublinearly indicating that at high C-concentrations additional deep
compensating centers are introduced which bypass the recombination via shallow carbon
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acceptors. This assumtion is supported by the appearance of a red luminescence at 2.1 eV
in the topmost spectrum of Fig. 20.

The strong decrease of the carbon related donor-acceptor transition may have two
reasons, First at high concentrations C atoms may form complexes, which do not act as
acceptors. This would reduce the number of shallow C acceptors involved in the transition
and would decrease its intensity. Second the formation of a deep defect either by C-
complex formation or by the introduction of deep intrinsic defects may decrease the
internal quantum efficiency which quenches the acceptor related PL.

The red luminescence at 2.1 eV is related to localized deep defect states. This was
confirmed by intensity dependent PL measurements. The intensity increase of both the
near band edge transitions and the 2.1 eV emission was measured by varying the excitation
intensity. As expected for strongly localized states the intensity increase followed a power
law with an exponent below 1 ( I ~ L") for the deep level emission and above 1
(1~L"?) for delocalized states as typically involved in the near band gap emissions [111].

Detailed analysis of the red luminescence at 2.1 eV revealed that this band was a
convolution of at least three different transitions, indicated by the full and dashed arrows in
the topmost spectrum of Fig. 21. The energy differences between the main peak and the
two low energy peaks correspond nearly exactly to the binding energies of the omnipresent
shallow acceptor (Ex=129 meV) and to the binding energy of the shallow carbon acceptor
(EAY = 215 meV), respectively. Therefore, the red luminescence was attributed to a
superposition of three transitions involving the same deep defect level Ep,, located 1.185
eV below the conduction band. Since the electrical measurements on C-doped cubic GaN
samples showed also a clear reduction of the free hole concentration at C-fluxes above
8x10"%em™s™ the deep defect acts as a deep donor [90].
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Figure 21. The room temperature current-voltage curve of a ¢-GaN p-n” junction. The inset shows

the room temperature electroluminescence (current = [50 mA) of this diode emitted through a
semitransparent Au contact.
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The nature of the deep compensating complex is still unclear. As already mentioned
earlier Kaufmann er al. [56] observed similar phenomena for Mg-doped MOVPE GaN
layers and proposed self-compensation via the formation of nearest neighbor Mgg, Vi
pairs. However, C is placed on a N site and the formation of a comparable defect CyVy,
which is a second nearest neighbor pair, is unlikely. For cubic GaN:C, it is more
tempting to apply an analogy to C doped GaAs. In GaAs the formation of a
compensating dicarbon split-inferstitial center was observed at high carbon
concentrations [112]. This complex involved one C atom on a As lattice site and another
C atom shifted along the [100] direction [113], and acts as a double donor in GaAs. An
equivalent defect in cubic GaN would also explain the sublinear decrease of the PL
intensity at high C-fluxes which implies that at least more than one Carbon atom has to
be involved in the newly formed deep C-complex.

Based on effective-mass-theory (EMT) the binding energy of the shallow acceptor
can be determined by

_13.58eV

8(0)2

where & (0) is the static dielectric constant, my, 1 the heavy hole mass and vy is a
correction factor which depends on the ratio of the light hole to heavy hole mass
[108,114]. Using light hole and heavy hole masses of 0.18 my and 6.75 my for cubic
GaN, the correction factor y is 0.6 [114]. In EMT typically € (0) 1s used. However, as
pointed out by Orton [115] this should not hold for GaN, where the acceptor binding
energies are comparable or even larger than the optical phonon frequencies. In cubic
GaN LO and TO phonon frequencies are 92 meV and 67 meV, respectively [116]. In this
case it should be more appropriate to use the high frequency dielectric constant € (oo).
Applying € (e0)=5.35 an acceptor binding energy E, = 0.213 ¢V was obtained which is in
excellent agreement with the experimental results and demonstrates that C indeed
introduces a shallow acceptor in c-GaN.

In other cubic 11-V compounds like GaAs, InP and GaP Carbon is the acceptor with
the smallest central cell correction. The binding energy is usually close to Mg and
increases in the sequence C, Mg, Zn and Cd [108]. The same sequence is verified in
cubic GaN now since the binding energy of C is lower than that observed for the Mg
acceptor in ¢-GaN by 15 meV [85]. Due to the higher crystal symmetry, the binding
energy of the C acceptor in the cubic phase is also lower than the activation energy of C
measured m hexagonal GaN [108].

E4 My Y 4)

3.3. Light emitting diodes

For the fabrication of cubic I-nitrides light-emitting diodes (LEDs) and laser
diodes (LD) operating in the visible and UV, 1t 1s necesary to fabricate a p-n junction in
this material. Blue emitting GaN based LD are key components for laser printing, high
density optical memory and next generation digital versatile disk DVD [117,118] and
will enable the production of full-color displays and a lot of further applications are
expected [119]. Up to now, all commercial available GaN based LLEDs have hexagonal
II-nitrides. A GaN device grown on conducting GaAs substrates, however, will enable
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easy device processing, which is compatible to the GaAs-based LED technology
currently used in industry and therefore, will significantly reduce production costs.
Recently, Yang et al. [120] reported the first electroluminescence of a cubic-phase
GaN LED grown on GaAs (001) substrates by metal organic chemical vapor
deposition (MOCVD). However, the electrical data reported for their device showed
values of the ideality factor larger than 20 and turn-on voltages larger than 6 V, which
were neither compatible to a p-n junction nor to a Schottky dicde. In addition the
emission of the device originated from a Mg-related deep recombination.

A diode fabricated by Mg and Si doping of MBE-grown ¢-GaN on n-type GaAs
(001) has been reported by As er af. [121]. Current-voltage (I-V), capacitance-voltage
(C-V), photoluminescence (PL) and electroluminescence (EL) measurements were
used to characterize the ¢-GaN p-n homojunction at room temperature. The cubic GaN
p-n homojunction structure consisted of a 760-nm-thick p-type GaN:Mg on top of a
500-nm-thick n-type GaN:Si. Te-doped n-type GaAs (001) with a free electron
concentration of about 2x10"™ e¢m™ was used as substrate. The vertically structured
diode was completed after evaporating electrodes on both the n-type GaAs substrate
(Sn-contacts) and the p-type top layer (semitransparent two-layer Au contact).

The I-V characteristics of the diode structures was clearly rectifying [122].
Electroluminescence (EL) under dc-biased conditions was emitted through the
semitransparent part of the p-type contact from the surface side of the device. Figure
21 shows the [-V characteristic of the structure measured at room temperature. The
GaN n'-p diode forward turn-on voltage was approximately 1.2 V, which was about
the same as that measured in hexagonal GaN p-n junctions (1.2 V) [123] and was
much lower than that observed by Yang ef a/. [120]. At a forward bias larger than 1.2
V the current grew linecarly with the applied voltage. A fit to the I-V curve yielded a
series resistance of 16 Q, which is comparable to that reported for commercial [11-V
nitride LEDs [124]. Because of its large band-gap (3.2 eV), the reverse bias saturation
current due to minority carrier diffusion would be immeasureably small in an ideal
GaN p-n diode. However, significant reverse bias leakage was observed in ¢-GaN
diodes, indicating the presence of trap levels within the band gap, which may act as a
shunt or parallel conductance. At 5 V a dark current density of 0.25 Al/em’® was
measured. The large lattice mismatch between the GaAs substrate and ¢-GaN, which
leads to a dislocation density in the order of 10" em™ [81], may also be responsible for
the high dark current.

The inset of Fig. 21 shows the electroluminescence of the ¢-GaN n'-p junction
through the semitransparent part of the p-type contact. The EL spectrum was peaked at
3.2 eV (387 nm) with an FWHM of 150 meV (20nm) and was nearly identical to the
RT PL-spectrum, suggesting that mm MBE grown c¢-GaN LED the dominating
recombination processes are near band-edge transitions. This is in contrast to MOCVD
grown cubic LED’s where the emission originated from the blue Mg-related impurity
mediated recombination [120]. Similar differences in the LED emission of MBE and
MOCVD grown samples have also been reported for hexagonal GaN samples [125].
Due to the dominating near band transition the observed FWHM is also within the
narrowest values ever reported for UV-LEDs. For the LED a lincar increase of the
intensity with increasing current density was measured and no shift of the EL-
spectrum to fower energies was observed.
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4. MBE of cubic InGaN

The growth of cubic GaN layers with excellent structural, optical and electrical
properties (as demonstrated by the observation of optically stimulated emission at
room temperature from cleaved c-GaN layers [126] and electroluminescence from a
MBE grown ¢-GaN p-n junction [121]) has clearly demonstrated the potential of HI-
nitrides with cubic crystal structure for the realization of optoelectronic devices like
light-emitting diodes and laser diodes. However, the bulk of experience accumulated
with hexagonal I1l-nitrides shows that all working devices contain InGaN in the active
region. The extensive utilization of InGaN in the active layer allows to tune the band
gap energy and cover the short wavelength visible to near ultraviolet light spectrum.
However, the incorporation of high amounts of In into the active region of h-inGaN-
based emitters is still a serious problem. Although impressive progress has been
achieved in addressing this problem the emission efficiency of emitters still drops
significantly with increasing emission wavelength. Cubic GaN has a room temperature
band gap of 3.2 eV, which is 0.2 eV smaller than that of hexagonal GaN. It has been
expected that a similar relation holds also for c-InGaN and thus the availability of
high-quality c-InGaN would open an attractive alternative to the hexagonal nitrides for
the production of green and amber emitters. This was a strong motivation for c-111
nitride growth.

Outstanding properties of hexagonal InGaN based devices are: (i) Unlike other I1]-
V semiconductors in which defects of moderate density (as low as 10° cm™) reduce
luminescence efficiency, 111-nitrides exhibit very high luminescence efficiency in spite
of the existance of dislocations with densities as high as 10'% em™. (ii) A large Stokes-
shift between emission and absorption energies exist in h-InGaN quantum wells and
the Stokes-shift increases with increasing In-content of the layers.

The coexistance of a high quantum yield of photoluminescence and a high density
of threading dislocations has been interpreted as being indicative for a strong
localization of excitons in space. One current focus of research is to understand the
mechanism of this localization. One possibility is the formation of InN quantum dots
in the InGaN alloy [127-129]. The large difference in interatomic spacing between
GaN and InN can give rise to a miscibility gap. Calculated phase diagrams of
InN/GaN [130-132] reveal that at typical growth temperatures of 600 - 800°C, a strong
tendency of InGaN layers exist to separate into regions of varying In-content. Another
possibility is the localization caused by natural composition fluctuations in InGaN
without clustering of In-atoms [133]. Exciton recombination in in-rich clusters can
also explain the observed Stokes-shift in quantum wells. However, due to the low
symmetry of the wurtzite lattice and the strain in pseudomorph quantum wells strong
electric polarization fields can exist in h-InGaN quantum wells. These fields can
effectively separate electrons and holes in quantum wells which may also result in a
difference between the absorption and the emission wavelength (quantum-confined
Stark effect).

The importance of submicrometer-scale chemical inhomogeneities of the InGaN
quantum wells in addition to the effects of piezoelectric and spontaneous polarization
fields has been discussed extensively [134]. However, a clear distinction between
these two effects has not yet been achieved with hexagonal lil-nitrides. Therefore, it
has been suggested to investigate InGaN quantum wells with cubic crystal structure in
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order to clarify the precise mechanism of band gap inhomogeneities and carrier
localization.

Spontaneous polarization does not exist in crystals with cubic symmetry.
Furthermore, cubic group Hl-nitride layered structures are grown on (001) oriented
substrates so that piezoelectric fields in strained layers are parallel to the quantum well
plane and the separation of clectron-hole pairs at the well/barrier interfaces is
suppressed. On the other hand, the cubic nitrides have the same next-neighbour
configuration and almost identical bond length as their hexagonal counterparts. Since
phase separation processes are mainly depending on the next-neighbour interaction and
the GaN and InN bond length, the fluctuations of the chemical composition may be quite
similar in hexagonal and cubic InGaN quantum wells of equal average In-content.
Experimental results obtained with cubic Hi-nitride double heterostructures (DHs) and
quantum wells (QWs) may therefore also be relevant for the understanding of light-
emission processes in hexagonal 1l-nitrides.

4.1. Cubic InGaN-layers

Due to the large difference of the formation enthalpies of GaN and InN the growth
of InGaN layers with sufficient structural perfection is much more difficult than that of
GaN. The high nitrogen vapour pressure over InN results in a small In-incorporation rate
at those temperatures, which are usually used for GaN growth. Lower temperatures on
the other hand can lead to poor crystal quality, most likely due to segregation of In onto
the growth front. The difficulties of In-incorporation in InGaN are also reflected by the
extremely strong temperature variation of the In sticking coefficient which has been
measured in MBE experiments [135]. Figure 22 shows the sticking coefficient of In on
¢-InGaN as a function of the layer temperature. Reasonable In mole fractions in the
layers can only be achieved at growth temperatures of less than 650°C and a sufficiently
high In/Ga flux ratio. The In-rich growth front does not allow to observe any surface
reconstruction by RHEED which prevents the in situ control of the growth regime. The
MBE of ¢-InGaN layers with a well defined In-content therefore depends on the precise
measurement of the In-flux and the substrate temperature. Since the sticking coefficient
varies by five orders of magnitude when the substrate temperature is raised from 600°C
to 720°C, a variation of the substrate temperature of only 5°C results in a variation of the
In content by a factor of two. As a consequence strong variations of the composition of
InGaN layers due to small fluctuations of the substrate temperature must be expected.

Abernathy et al. [136] reported the first growth of ¢-In,Ga, N (x=0.07-1.0) layers
by metal organic molecular beam epitaxy. The layers were grown at 500°C. X-ray
diffraction and selected area diffraction patterns were used to distinguish between the
hexagonal and cubic phase. They found that InN films grown at a rate of 70 A/min were
cubic while the ternaries contained both cubic and hexagonal phases. No optical data of
the layers were reported. The reason for that was not explained. Most likely the high
density of extended defects suppressed any radiative recombination.

By increasing the substrate temperature to T,=620°C and the V- flux ratio to 3,
Yang et al. [28] were able to grow c-InGaN layers with In-contents up to 11% by de-
plasma assisted MBE. The relative high substrate temperatures were used to desorb In
accumulated on the growth front. The composition of the layers was measured by
X-ray diffraction and cross checked by Secondary lon Mass Spectroscopy (SIMS). Low
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Figure 22. Sticking coefficient of In on a c-InGaN surface as a function of the substrate
temperature. The Ga/N adatom ratio is constant and the In/Ga flux ratio is 100.

temperature photoluminescence (PL) was observed and the dependence of the emission
energy on the composition of the InGaN layer was investigated. With increasing In-
content the dominating PL peak was red-shifted and became both broader and weaker
compared to the emission of layers with lower In-content. In the PL spectra of layers
with x>0.06 a broad emission band at about 2.5-2.6 eV was observed which was
tentatively attributed to deep level emission. Later investigations of ¢-InGaN layers with
similar composition, however, revealed evidence that the emission at these energies is
linked to the existence of QD-like structures [137].

Cubic InGaN layers with an higher In-content (up to x = 0.4) were grown by use of
tf plasma sources providing a considerably higher nitrogen flux [138]. InGaN layers
with an In-concentration of 17% exhibited blue luminescence at temperatures up to 500
K. The broad emission band had a maximum at about 2.8 eV. Layers with even higher
In-concentration (x = 0.4) emitted luminescence in the green spectral region with a
maximum at about 2.45 eV [139]. The intensity of the green emission decreased by only
a factor of 4 when the temperature was raised from 4 to 400 K. Absorption and
reflectivity measurements were used to determine the room temperature band gap energy
of the InGaN layers yielding E,,,=2.46+0.03 eV which is close to the PL maximum. This
correlation suggested that the PL stems from band edge related transitions in the InGaN
layer. However, the weak temperature dependence of the intensity and the emission peak
energy was rather consistent with radiative recombination between highly localized
states. X-ray diffraction measurements of these layers revealed two Bragg reflexes, one
due to the InGaN (x=0.4 layer) and a weak shoulder close to the position of the Bragg
reflection of c-InN indicating the existence of an In-rich phase in these layers. It seems
likely that the green emission band was also due to the recombination of excitons
localized mn In-rich clusters.
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In order to clarify the appearing discrepancy more measurements of the gap energy
were necessary. Goldhahn er al. [140] used spectroscopic ellipsometry to determine the
complex refractive index of c¢-InGaN layers in the energy range from 1.5 to 4.0 eV. The
c-InGaN layers were grown by plasma assisted MBE at a substrate temperature between
610 and 680°C on top of a c-GaN/GaAs hybrid substrate. The InGaN layers had a
thickness of 100 to 200 nm. Their alloy composition was obtained from the lattice
parameter measured by high resolution X-ray diffraction and by Rutherford
backscattering (RBS) [79]. The InGaN layers were fully relaxed. This was inferred from
reciprocal space maps of the symmetric (002) and the asymmetric (~1-1 3) Bragg
reflexes and from RHEED reflex measurements during growth.

Figure 23 shows the room temperature gap energy of five c-InGaN layers. The
circles are the result of spectrometric ellipsometry, the triangles are the results of
transmission measurements [138,139]. The experimental data were fitted by a parabolic
expression of the gap energy versus In-content (full curve) using a bowing parameter
b=1.4 eV. This value is slightly higher than that calculated by Wright e al. [141]. It is,
however, strikingly lower than experimental results for the hexagonal alloy system
where composition-independent bowing coefficients of 3.2 [142] and 3.8 eV [143] were
found. A composition-dependent bowing parameter was reported by McCluskey [144],
however, their data referred to the absorption threshold energy which is lower than the
average band gap [145]. Supercell empirical pseudo potential calculations [146]
demonstrated that a large composition-dependent band gap bowing coefficient can be
explained by localization of the hole wave function which is resonant with the valence
band. For increasing In-content the effect is accompanied by a strong decrease of the
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Figure 23. The room temperature energy gap of c¢-InGa N versus InN mole fraction. Full dots
represent data measured by spectroscopic ellipsometry [140] full triangles are results of Ref. 139.
The full curve is a fit of the experimental data using a bowing factor b=1.4 V.
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momentum matrix element for transitions involving these In-related states. However,
these transitions correspond rather to the absorption threshold than to the average band
gap, which is measured by spectroscopic ellipsometry.

Low temperature photoluminescence (PL) spectra of the c-InGaN/GaN
heterostructures are shown in Fig. 24 as full curves [147]. Luminescence was exited by
the 325 nm radiation of a continuous-wave (cw) HeCd laser. The full width at half
maximum (FWHM) of the InGaN layer emission increases from 200 meV to 450 meV
with increasing x. The energy of the emission peak shifts to lower energies with
increasing In content and is about 100-200 meV lower than the gap energy which was
obtained from spectrally resolved ellipsometry.

The dashed curves in Fig. 24 are the spectra of light emitted from a cleaving edge of
the heterostructure. In this case the InGaN layer surface was excited by the 340 nm light
of a pulsed laser with an intensity of | MW/cm’. The peak energy of the edge emission
is shifted with respect to the luminescence peak close to the gap energy, indicating that
localized states contribute to the PL at weak excitation. The localized states are filled by
carriers with increasing excitation intensity and at 1 MW/cm? all low-energy radiative
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Figure 24. 2K photoluminescence spectra of c-InGa, N films (full curves) and the high-
excitation edge emission (dashed curves). The gap energies from spectroscopic ellipsometry and
reflectivity measurements are indicated by arrows.
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recombination processes are saturated and the emission observed at high excitation is the
near band edge luminescence from the InGaN layers. This suggestion is corroborated by
time resolved measurements were a nonexponential decay of the PL was observed [147].
The kinetics of the recombination was described by the model of stretched exponentials
which was introduced to describe the radiative decay of strongly disordered systems with
localized recombination centres. It was applied successfully to h -InGaN [148], 11-VI
quantum dots [149], and porous Si [150].

Localization of excess electron-hole pairs has also a strong influence on the optical
gain in c-InGaN layers. Figure 25 shows the gain spectra of an Ing¢;GagosN layer for
excitation densities up to 5 MW/em?. With increasing excitation (i) the crossover
between gain and absorption is shifted to higher energies, indicating the filling of the
localized states, (i1) the gain structures broaden and (iii) the maximum gain shifts to
higher energies. This behaviour is a further indication that the optical amplification is
due to localized states because the gain of an electron-hole plasma is expected to shift to
lower energies with increasing density [151]. Optical gain was observed up to 500 nm,
indicating the advantage of c-InGaN for device applications in the green spectral range.
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Figure 25. Gain spectra of a 280-nm-thick c-Ingp;GagesN layer measured at various excitation
intensities.

The correlation of structural and optical properties was further investigated by
cathodoluminescence (CL) microscopy of c-InGaN layers with different In-content. The
CL spectra of all c-InGaN layers exhibited broad emission bands, but their peak position
changed according to the local composition. In samples with higher average In content
{more than 10%) the fluctuations of the composition were strongly enhanced [152].

To monitor the influence of the of In content on the optical amplification, gain
spectra of samples with varying In content were measured at a fixed excitation density of
7 MW/em?. Results are shown in of Fig. 26. The largest gain was observed for samples
with an In content of about 7%, while for In contents above 20% the optical
amplification was fully suppressed.
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Figure 26. Peak gain of c-In,Ga, [N layers measured at a excitation infensity of 7 MW/cm? versus
InN mole fraction.

Evidence for phase separation in c-In/Ga, N layers was first obtained from
investigations of their vibrational properties [153] using micro-Raman spectroscopy. The
layers were grown on GaAs (001) substrates by plasma-assisted molecular beam epitaxy
(MBE). Before starting the In,Ga, N growth a GaN buffer layer was grown on the GaAs
substrate at a temperature of about 720°C. For the growth of the In,Ga, N layers, which
had a thickness between 100 nm and 300 nm, the substrate temperature was decreased to
600-670°C.

Room temperature micro-Raman spectra of c-In,Ga, (N layers are depicted in Fig.
27. The layers had an In-content of x = 0.07, 0.19 and 0.31 respectively. The
composition of the layers was obtained by high resolution X-ray diffraction. Beside the
TO and LO peaks of the layers (indicated by arrows in Fig. 27) the layer with x=0.31
showed an extra Raman peak at about 625 em’’. This peak was ascribed to the LO
phonon mode of In-rich inclusions in the layer most likely formed by a phase separation
process during growth. The existence of an In-rich phase was corroborated by X-ray
diffraction, which showed that the ¢-InGaN layers contained strained crystalline cubic
In-rich inclusions.

The electronic excitations of the In-rich phase in ¢-In,Ga N layers were studied by
resonant Raman scattering. [154] Raman spectra of c-In,Ga, N (x = 0.33), which were
recorded at different excitation laser energies Ey are shown in Fig. 28. In the spectrum
measured at B, =2.81 eV, the LO and the weak TO phonon peak of the layer can be
distinguished. By lowering the excitation energy a peak at about 630 em’', indicated by S
in Fig. 28 becomes evident and is further enhanced at even lower excitation energies. In
the range of E; between 2.5 ¢V and 2.34 eV, the S-peak becomes the strongest line
in the spectrum. The integrated intensity of the S-peak as a function of excitation energy
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Figure 27. Room temperature micro-Raman spectra (excitation energy E,;=2.6 eV) of GaN, c-
In,Ga, N layers with x = 0.07, 0.18, 0.33 and of c-InN.

Ey is shown in the mset of Fig. 28. The plot shows a clear resonance with a maximum at
about 2.4 ¢V. Assuming that the maximum corresponds to an outgoing resonance
process and taking into account the phonon energy of In,Ga, N (E; =78 meV) the
energy of the resonant electronic excitation was calculated to be 2.32 V. This value was
in excellent agreement with the peak energy of the photoluminescence (PL) of the layer
[137].

The photoluminescence spectra of ¢-InGaN layers with different In-content (x =
0.33, 0.19, 0.07) had peak energy close to the energy of the resonant Raman excitation
energy of the S-peak (Fig. 28). PL emission at about 2.4 eV was also observed with c-
In,Ga N layers with an even higher In mole ratio (x = 0.4) [139] yielding evidence that
the PL emission energy is widely independent of the nominal In-content of the layers.

It was supposed in Ref. 137 that the observed photoluminescence is due to radiative
recombination of electron-hole pairs in In-rich regions of the layers. The composition of
these regions was obtained by high resolution X-ray diffraction. By comparing the gap
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Figure 28. Room temperature micro-Raman spectra of ¢-In,Gay [N (x = 0.33). The energy of the
exciting laser radiation E; is indicated for each spectrum. The inset shows the ratic of the
integrated intensity of the S and the LO peak as a function of the laser energy E;.

energy of the In-rich phase and the measured optical transition energy it was found that
the transition energy exceeds the gap energy by more than 100 meV. It has been
concluded that this is due to confinement effects of quantum dot-like structures formed
by phase separation in the c-In,Ga; N layers. From the confinement energy the size of
these structures has been estimated to be about 3 nm using an cffective mass model.
These experiments demonstrated that the emission from ¢-In,Ga (N layers is associated
with In-rich structures of nm-size formed by a self-organized process.

Recently Kitamura ef al. [155] reported the MBE of c-InGaN layers on 3C-
SiC(001)/GaN pseudo-substrates. A 7-pum-thick 3C-SiC(001) layers were grown by
chemical vapor deposition on Si(001) wafers. After a 900°C heat treatment of the 3C-
SiC surface a 10nm thick low temperature GaN buffer and a 300nm thick GaN layer
were grown at 550°C and 760°C, respectively. The InGaN layers with a thickness
between 200 nm and 450 nm were deposited at 640°C. The In/(In+Ga) flux ratio was
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0.6-0.8, yielding a InN mole fraction between x = 0.05 and 0.2. High resolution X-ray
diffraction (HRXRD) reciprocal space maps of the (113) Bragg reflex revealed that the
200nm thick layers were pseudomorphically strained on GaN, while the 450-nm-thick
layers were fully relaxed. These results suggest that the critical thickness of cInGaN on
3C-SiC/GaN substrates is significantly larger than on GaAs/GaN, where InGaN layers of
comparable composition but with a thickness of less than 100nm were fully relaxed
[140]. The reason for this difference is not clear. It may be due to the substantially
different conditions of the GaN surface in both growth regimes (see also Section 2.3).

The optical properties of the ¢-InGaN layers on 3C-SiC were characterized by PL,
photoluminescence excitation spectroscopy (PLE) and time-resolved photoluminescence
(TRPL) measurements [156]. With increasing InN mole fraction from 0.05 to 0.2 the PL
emission energy decresed from 2.7 eV to 2.05 eV. These peak energies are significantly
lower than those measured with ¢-InGaN layers on GaAs substrates and were red shifted
with respect to the InGaN gap energy, which was obtained from PLE spectra. These
spectra had a plateau-like region followed by a broad absorption tail at lower energies.
The energy at which the PLE intensity started to decrease was defined as an effective
gap energy. The gap energies measured in that way differ substantially from those which
were obtained from spectrally resolved ellipsometry [157] and also the decrease of the
gap energy with increasing In-content (bowing) was much more pronounced for c-
InGaN on SiC than on GaAs. One reason for the appearing discrepancy may be the
differing strain conditions on the respective layers, an other may be due to the methods
used for the gap measurement.

TRPL experiments with ¢c-InGaN on 3C-SiC revealed a non-exponential decay of
the emission intensity. The decay was evaluated by the model of stretched exponents,
yielding values for the initial decay time T and the scaling parameter 3 which were
almost identical to that obtained with InGaN layers on GaAs [147]. These data
demonstrate that PL from c-InGaN layers is due to the recombination of electron-hole
pairs which are trapped in localized states, independently of the substrate the layers are
grown at.

4.2. Cubic-GaN/InGaN/GaN double heterostructures and quantum

wells

In the following recent experimental investigations of ¢-GaN/InGaN/GaN double
heterostructures (DH) and quantum wells (QWY) are summarized. We shall compare DHs
grown by MBE on GaAs(100) substrates with those on 3C-SiC. All reported
investigations demonstrate clearly the strong influence of chemical inhomogeneities and
In-segregation.

The DHs on GaAs(100) substrates [158] consisted of a 300-nm-thick GaN buffer
layer grown under stoichiometric conditions at a substrate temperature of 720°C and a
growth rate of about 40 nm/h. Then 30-nm-thick c-InGaN layers were deposited at a
temperature of 600°C. During the InGaN growth the Ga-flux was reduced by about 20%.
The variation of the In mol fraction in different samples was achieved by varying the In-
flux between 0.5x10" and 6x10" atoms/s'em™. A 30 nm GaN cap layer was finally
grown at 600°C.

The lattice parameters and the strain in the DH structures were measured by high
resolution X-ray diffraction. Figure 29 shows the distribution of the scattered X-ray
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intensity in reciprocal space (reciprocal space map, RSM) of the asymmetric (-1- 13)
Bragg rcﬂexcs of two DHs. The InGaN layers were grown with an In flux of 6x10"
atoms/s”'em? and 1x10'° atoms/s 'em?, respectively. Three maxima of the scattered X-
ray intensity, one from c¢-GaN, one which was associated with the InGaN layer
(InGaN(1)) and a weak reflex from an In-rich phase InGaN(2} are visible. Also included
in the RSM are the calculated positions of the Bragg reflexes of ¢c-GaN (a==0.452 nm), of
c-InN, which is pseudomorphic (fully strained) to GaN and the position of the Bragg
reflex of fully relaxed InN (a=0.497 nm) as well. The dashed lines indicate the position
of Bragg reflexes of partially relaxed InGaN of a given composition (relaxation line).
From the position of the InGaN related reflexes in Fig. 29 the composition of the
InGaN(1) layers and of the InGaN(2) phase has been obtained.
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Figure 29. Reciprocal space maps of the asymmetric (-1-13) Bragg reflexes of two different ¢-
GaN/InGaN/GaN double heterostructures. The curves show contours of equal intensity. The dots
are the calculated positions of the GaN Bragg reflex and the Bragg reflex of fully relaxed and
pseudomorph InN. The dashed lines are the relaxation lines of InGaN layers of a given
composition.

Raman spectra of these DHs were recorded in backscattering geometry using laser
light with an energy of 2.4 eV for excitation. The ¢c-GaN phonon frequencies and two
other peaks, corresponding to the LO phonon mode of the InGaN(1) layer and to LO
phonons propagating in the In-rich InGaN(2) phase were clearly identified. The latter
rather broad lines may alternatively also be due to disorder-induced Raman scattering. In
fact a broad line at about 670 cm™ has been observed with highly disordered GaN layers
[159] which contained a large fraction (about 50%) of hexagonal inclusions, clearly
visible in the Raman spectra from the coexistence of the cubic TO and an even more
intense hexagonal E, phonon line. However, Raman and X-ray scattering revealed the
phase purity of the DHs. Thercforc dlsordcr induced scattering as the origin of the
Raman peaks between 600 cm’ "and 700 cm™! can be ruled out.

The fact that the LO phonon frequencies of ¢-InGaN vary linearly with x allowed to
determine the InGaN alloy composition [153] revealing that the Raman results are in
good agreement with the X-ray data [158].

£
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Room temperature PL spectra of three different c-In,Ga; (N/GaN DHs are depicted
in Fig. 30. Curve a} is a PL spectrum which was excited by HeCd laser radiation
(B =3.81 ¢V) above the bandgap of ¢-GaN. The emission at 3.2 ¢V is due to excition
recombination in the ¢c-GalN barrier [67]. The emission bands at lower energy are also
present in spectrum b) where E; was well below the gap energy of GaN, indicating that
this emission stems from c-InGaN. A Gaussian curve fit of the long wavelength part of
the spectrum yields peak energies of 2.35 eV and 1.9 eV, respectively.

The PL emission from two other DHs with InGaN layers with a lower In-
concentration (curves ¢, d) are also plotted in Fig. 30. It is a common feature of all these
PL spectra that (1) the energy of the main emission peak is only slightly varying, and
(11) the gap energy of the In-rich InGaN (2) phase is below the energy of the dominating
emission band. The latter may be inferred from the c-InGaN gap energies also shown in
Fig. 30. They were obtained from the relation between Eg and the composition of
relaxed c-InGaN layers [140] and the calculated gap shift due to biaxial compressive
strain.

The weak PL at about 2.05 eV is only observed with samples grown at relatively
high In-fluxes and may be due to radiative recombination in InN micro-crystals. Low
temperature PL of ¢-InN was recently measured at about 2.1eV [160].

In order to explain these experimental data Husberg er al. [158] assumed that the
observed luminescence at about 2.4 ¢V is due to the radiative recombination of excitons
localized at In-rich, strained quantum-dot like structures which are embedded mn the
InGaN(1) layers. Since no spontaneous polarization- or piezoinduced electric fields exist
in ¢c-Hi-nitrides, the difference between the InGaN(2) gap and the luminescence peak
energy is equal to the localization energy of the excitons Ey.. It was found that E;. is
decreasing with increasing In content of InGaN(1). In order to explain the variation, (i)
an decrease of the localization energy due to the decrease of the confining potential V,
which is equal to the difference of the band gap energies of the InGaN phases, and (ii) a
variation of the size of the QDs were considered. In an effective mass model calculation
of the ground state transition energy a three-dimensional quantum confinement structure
in the form of a cube of dimension L was assumed, yielding that the QD structures have
an average size of about 10 nm and the shift of the PL peak energy is mainly due to a
decrease of the QD-size with decreasing In content of the layers. The influence of strain
on the energy gap of InGaN alloys has been recently calculated more accurately [161]. If
these values are used to obtain the average dot size, 1t is found to be about 3 nm smaller.
More sophisticated ab-initio calculations of the InGaN QD energy gave an even smaller
average dot size [162].

Kitamura et al. [155] fabricated cubic InGaN/GaN multi quantum well structures
(MQWs) on 3C-8iC(001) substrates. Micrometer-thick 3C-SiC layers were grown by
CVD on Si(001). Prior to GaN growth the SiC substrates were thermally cleaned at
900°C for 10 min. Then a low temperature GaN buffer and a 300-nm-thick GaN layer
were grown at 550°C and 760°C, respectively. The MQW structures consisted of 5
InGaN/GaN periods. The ¢-GaN barrier and cap layer thickness was fixed at 10 nm and
the InGaN well thickness L. was varied from 0.6 to 10 nm. The InGaN layers were grown
at 640°C.

The structures were characterized by high-resolution X-ray diffraction. The c¢-
Ing GagoN layers were pseudomorphically grown on relaxed ¢-GaN  templates
as confirmed by reciprocal lattice mapping of the multiplaye structures. Pronounced
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Figure 30. Room temperature PL spectra of c-InGaN/GaN double heterostructures with different
In-content. Spectrum a) was excited above the gap energy of the GaN barrier, spectra b) to d} were
excited below the GaN gap energy. The corresponding gap energies of the InGaN(1) and InGaN(2)
phase are indicated.

satellite peaks due to the InGaN/GaN MQW were observed in «-28 XRD scans,
revealing the high structural perfection of the structures. The InN mole fraction x was
calculated from the strained lattice constants obtained from the XRD pattern and
measured also by Auger electron spectroscopy of a fresh surface of the film.

The PL spectra of the ¢-IngGagoN MQWs measured at 77 and 300 K had a full
width at half maximum of 250-300 meV, which 1s much larger than that of binary GaN
[163]. The PL peak energy was nearly constant between 77 to 300 K. For L<5 nm the PL
peak energy shifted to higher energy with decreasing L, which may be due to the
quantum-size effect. The ground-state energy of excitons in a QW with a thickness L
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was calculated by solving the Schrédinger equation using the values of an effective gap
of the ¢-InGaN (x=0.1) film obtained from the PLE spectrum, which exhibited a plateau-
like region followed by a broad absorption tail. The effective gap was defined as the
energy at which the PLE intensity decreases to its half the maximum. The measured shift
of the PL peak energy with L followed that of the QW resonance energy. In contrast to
hexagonal-InGaN QWs, the PL peak energy increased moderately with decreasing L
demonstrating the absence of an polarization-induced QCSE in ¢-InGaN QWs.

The TRPL signals from the 5-nm-thick c¢-Ing GagoN/e-GaN MQW showed a
nonexponential decay at all temperatures similar to the case for A-InGaN bulk films and
OWs, which is characteristic for the emission from localized states. The average lifetime
was nearly independent of L and approximately 300 ps at 10 K. An evaluation of the
radiative lifetime 1, from PL-transients and the variation of the PL intensity with
temperature revealed that T, increases linearly with increasing temperature above 150 K.
From these findings it was concluded in Ref. 163 that excitons are localized in 2D
structures. Quantum dot like structures, which were observed in relaxed c-InGaN layers
and DHs [137,158] seem to be absent in fully strained c-InGaN/GaN QWs. This
conclusion is in good agreement with recent investigations of strained and relaxed c-
InGaN/GaN DHs grown on GaAs substrates which revealed that the formation of QD-
like structures in InGaN is suppressed by strain in these layers [164].

4.3. Indium segregation and quantum dot formation

Experiments demonstrated the importance of exciton localization in c-InGaN layers,
DHs and QWs due to nano-structural disorder as a result of composition modulation.
Details of the formation process of these In-rich nano-structures are not clear yet.
Theoretical models of the In-segregation process in InGaN layers have focussed on
phase separation in the bulk (spinodal alloy decomposition). Calculated phase diagrams
of bulk InGaN [130,131,132] revealed large miscibility gaps at those temperatures,
which are applied for the epitaxial growth of InGaN layers. However, it is questionable
if the assumption of thermodynamic equilibrium, which 1s made in these calculations, is
valid for MBE growth. Bulk spinodal decomposition, which has frequently been
observed with metallic alloys may also be hindered by the relatively slow self-diffusion
in InGaN. Using experimental values of the In diffusion coefficient in h-InGaN [165] it
is calculated that the In-atoms in our InGaN layers will diffuse less than | nm during the
growth of the complete DH structure. This is obviously not sufficient to explain the
formation of spatial fluctuation of the chemical composition on a nm-scale.

Another possible explanation for the formation of In-rich clusters is a separation of
the alloy constituents at the surface during growth [166]. Since the In adatom mobility 1s
quite high it seems reasonably to assume that In-rich clusters can aggregate in time
intervals comparable to the time needed for the growth of one monolayer, and are buried
then in the bulk of the layer because of the deposition of material. In this way
fluctuations of the In-composition in the bulk may be formed. The spontaneous
formation of In-clusters at the (0001) surface of h-InGaN by surface induced lateral
composition modulations has recently be observed by tunneling microscopy [167]. It
seems reasonable to assume that this process may also be active on cubic (001) surfaces.

Anneal experiments were performed to gain insight into the formation process of the
In-rich phase in ¢-In,Ga, N/GaN DHs [168]. The samples were annealed in vacuum for
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10 hours. The annealing temperature was between 450°C and 700°C and was raised by
50°C for each annealing step. Subsequent to each anneal step PL and X-ray diffraction
were measured. These annealing parameters were chosen in order to establish
thermodynamic equilibrium at a temperature well above the growth temperature. This
and the annealing time, which was ten times longer than the growth time of the InGaN
layers yield an In diffusion length of several nanometer. A significant modification of
the In-rich QDs can be expected if diffusion would not be hindered by other processes.
Figure 31 shows the PL spectrum of an as grown ¢-In,Ga,;  N/GaN DH as well as
spectra of the same sample annealed at 450°C and 700°C. All spectra were measured at
room temperature with an excitation laser energy of E; = 3.42 eV. The PL data in Fig.
31 clearly indicate that the spectral line shape and the energy of the emission at about 2.3
eV is not affected by the annealing procedure. Also X-ray diffraction data (RMS)
show no detectable modification of the reflexes of the In-rich phase due to the annealing
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Figure 31. The room temperature PL of an as grown c-InGaN/GaN double heterostructure and the
PL of the same sample after annealing for 10 hours in vacuum at temperatures of 450°C and
700°C, respectively. The PL emission from In-rich InGaN QDs is highlighted in the spectra.
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procedure, revealing that composition and structure of the QDs are stable at annealing
temperatures even above the growth temperature. These annealing experiments
demonstrated that the process of formation of the In-rich phase is completed already
during the growth procedure. They suggest also that InGaN layers with an uniform
chemical composition can only be obtained when phase separation during growth can be
avoided. This may be done either by applying sufficiently high growth rates, which may
be difficult in MBE, however, or the growth of strained layers, since strain can suppress
the phase separation process as recently proposed on the basis of theoretical calculations
of the InGaN phase diagram [132] and demonstrated in experiment with ¢c-InGaN/GaN
DHs [164].

5. Conclusion

In this article we reviewed recent progress in the MBE of cubic Hi-nitrides. In spite
of the inherent difficulties connected with the growth of compounds with metastable
crystal structure, quite impressive progress has been achieved within the last years. This
is in some part due to the possibility of in-situ control of the MBE process. The
importance role the substrate plays for the MBE of c-lI nitrides has been emphasized.
From a technological point of view, GaAs seems to be the best choice, since it is cheap
and available in large quantities. However, the large lattice misfit generates high
dislocation densities in the c-III nitride layers and the small thermal stability of GaAs
can cause problems in epitaxial growth at elevated substrate temperatures. For the future
3C-SiC seems to be the substrate of choice as demonstrated by recent experiments. Since
spontaneous polarization and piezoelectric field due not exist in ¢-I11 nitrides, double
heterostructures and quantum wells were considered as being optimally suited to clarify
the origin of some pecular properties of the luminescence from InGaN/GaN quantum
wells. Experiments with MBE grown c-III mtrides have demonstrated the influence of
quantum dot-like structures on photoluminescence emission from quantum structures.
Doping is an inevitable prerequisite for any device application. Like in their hexagonal
counterparts, high n-type conductivity in ¢c-GaN can be achieved by doping with Si. For
the MBE of ¢-GaN with p-type conduction doping by carbon seems to be an interesting
new alternative to Mg-doping. Up to now, no commercial device application based on c-
MBE-grown group Il nitrides has been reported. To reach that goal some problems,
which are mainly connected with the reduction of the density of extended defects in the
c-H1 nitride layers, have to be solved. However, the observation of optical stimulated
emission at room temperature from cleaved ¢-GaN layers and electroluminescence from
c-GaN p-n junction has clearly demonstrated the potential of the c-1II nitrides for future
realisation of optoelectronic devices.
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