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ABSTRACT   

Molecular Beam epitaxy (MBE) of cubic group III-nitrides is a direct way to eliminate polarization effects which 
inherently limit the performance of optoelectronic devices containing quantum well or quantum dot active regions. In 
this contribution the latest achievement in the MBE of phase-pure cubic GaN, InN, AlN and their alloys will be 
reviewed. A new RHEED control technique enables to carefully adjust stoichiometry and to severely reduce the surface 
roughness, which is important for any hetero-interface. The structural, optical and electrical properties of cubic nitrides 
and AlGaN/GaN will be presented. We show that no polarization field exists in cubic nitrides and demonstrate 
intersubband absorption at 1.55 µm in cubic AlN/GaN superlattices. Further the progress towards the fabrication of cubic 
GaN/AlGaN superlattices for terahertz applications will be discussed. 
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1. INTRODUCTION  
Commercially available group III-nitride-based optoelectronic devices are grown along the polar c direction, which 
suffer from the existence of strong “built-in” piezoelectric and spontaneous polarization. This inherent polarization limits 
the performance of optoelectronic devices containing quantum well or quantum dot active regions. To get rid of this 
problem much attention has been focused on the growth of non- or semi-polar (Al,Ga,In)N. However, a direct way to 
eliminate polarization effects is the growth of cubic (100) oriented III-nitride layers. With cubic epilayers a direct 
transfer of the existing GaAs technology to cubic III-Nitrides will be possible and the fabrication of diverse 
optoelectronic devices will be facilitated. However, since cubic GaN is metastable and no cubic GaN bulk material exists 
in nature, heteroepitaxy with all its drawbacks due to lattice mismatch is necessary to grow this material. Due to the low 
lattice mismatch to cubic GaN the substrate of choice for the growth of cubic III-nitrides is 3C-SiC. 

In this paper the latest achievements in the molecular beam epitaxy of phase-pure cubic GaN, InN, AlN and their alloys 
grown on 3C-SiC substrates is reviewed. A new RHEED control technique is presented to carefully adjust stoichiometry 
and to severely reduce the surface roughness. The structural and optical properties of cubic nitrides and AlGaN/GaN 
heterostructures will be shown. The absence of polarization fields in cubic nitrides is demonstrated and 1.55µm inter-
subband absorption in cubic AlN/GaN superlattices is reported. The progress towards the fabrication of cubic 
GaN/AlGaN superlattices for terahertz applications will be discussed. 

 

2. EXPERIMENTAL DETAILS 
Cubic group III-nitride samples were grown on 200 µm thick, free standing 3C-SiC (001) substrates by molecular beam 
epitaxy (MBE) [1,2]. An Oxford Applied Research HD25 radio frequency plasma source was used to provide activated 
nitrogen atoms. Indium, aluminum and gallium were evaporated from Knudsen cells. Prior to growth, the 3C-SiC 
substrates were chemically etched by organic solvents and a buffered oxide etch (BOE) and annealed for 10 hours at 
500°C. Cubic GaN layers were deposited at 720°C directly on 3C-SiC substrates. The adsorption and desorption of metal 
(Ga, Al) layers on the c-GaN surface was investigated using the intensity of a reflected high energy electron beam 
(RHEED) as a probe. The structural and morphological properties of 3C-SiC substrates and group III-nitride epilayers 
were measured by high resolution X-ray diffraction (HRXRD) and atomic force microscopy (AFM). Reciprocal space 
mapping (RSM) has been performed to determine the Al and In molar fraction and the strain in the epilayers. 
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3. RESULTS AND DISCUSSION 
3.1 RHEED control  

As an important step to improve the GaN surface morphology in a systematic way, it is essential to understand the 
surface structure and the underlying growth process on an atomic scale. In particular, the kinetic processes of adsorption 
and desorption on the surface are considered as key parameters that govern the surface morphology, incorporation 
kinetics and consecutively the overall material quality. In MBE of GaN, two dimensional surfaces are commonly 
achieved under Ga-rich conditions, with theoretical [3] and experimental [4, 5] evidence suggesting that the growth front 
is stabilized by a metallic Ga adlayers. The optimum conditions for the epitaxial growth of c-GaN are mainly determined 
by two parameters, the surface stoichiometry and the substrate temperature [1]. Both parameters are interrelated; 
therefore an in-situ control of substrate temperature and surface stoichiometry is highly desirable. The study of the 
surface reconstruction by RHEED was one of the key issues in understanding the c-III nitride growth [1, 6, 7]. First 
principle calculations by Neugebauer et al. [8] show that all energetically favoured surface modifications of the non-
polar (001) c-GaN surface are Ga-stabilized and therefore optimum growth conditions are expected under slightly Ga-
rich conditions. 

Figure 1 shows the RHEED intensity transient of the (0,0) reflection of the (2x2) reconstruction. After opening the Ga 
shutter we observe a steep linear decrease of the RHEED intensity between Io and the kink position (Ik). The gradient of 
the intensity drop is related to the impinging Ga flux. Using the known value of the Ga flux and the time Δtk it takes for 
the RHEED intensity to drop to Ik, we are able to calculate the amount of adsorbed gallium. Neglecting re-evaporation of 
Ga we get a total number of adsorbed  Ga atoms from the flux time Δtk product. In all cases this product is about 9.8 x 
1014 cm-2, which is equal the number of atoms of exactly one monolayer of Ga on the GaN surface (lattice constant of 
4.52 Å). Since Io is the reflectivity of the GaN surface and Ik is the reflectivity of GaN covered by one Ga monolayer,  
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Figure 1. RHEED intensity transient measured 
during the growth of c-GaN, which started after 
opening the N source. The RHEED intensity 
measured during growth yields the amount of 
excess Ga (indicated in the figure) on the c-
GaN surface. The Ga fluxes are 4.4x1014, 
3.2x1014, and 1.2x1014 cm−2 for the coverages of 
1, 0.8, and 0 ML, respectively. 
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Figure 2. RMS roughness of c-GaN layers 
measured by 5x5 µm2 AFM scans vs Ga flux 
during growth. The corresponding values of the 
Ga coverage during growth are also included. 
Minimum roughness is obtained with an excess 
coverage of 1 ML. The line is a guide for the 
eyes. 
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and the drop of the RHEED intensity in the time interval Δtk is linear, the Ga coverage between 0 and one monolayer can 
be inferred from the measured intensity drop by linear interpolation. The decrease of the RHEED intensity below Ik is 
most likely due to further accumulation of Ga and thereby a modification of the Ga adlayer surface, however it is 
notproportional to the amount of adsorbed Ga. For this reason our method can only be used to measure the Ga coverage 
between zero and one monolayer, respectively. For Ga fluxes less than 3 x 1014 cm-2s-1 the situation is different. For these 
fluxes it is not possible to define a kink position. The RHEED intensity drops to a certain value and saturates. We 
suppose that then desorption of Ga cannot be further neglected.   

After opening the N shutter we observe an increase of the RHEED intensity which is due to the formation of c-GaN. 
During further growth the RHEED intensity saturates. From the saturation value the Ga coverage can be calculated using 
Ik as a reference. This procedure allows measuring the Ga-coverage in the range between 0 and 1 monolayer with an 
accuracy of 0.1 monolayer. 

Figure 2 shows the root-mean-square (RMS) - roughness measured by a 5 x 5 µm2 AFM-scan of several c-GaN layers 
versus the Ga flux used during MBE. The nitrogen flux was kept constant for all samples. The corresponding values of 
the Ga coverage during growth, as measured by the procedure described above, are included in Fig. 2. Only values below 
one monolayer can be measured. Minimum roughness is obtained with one monolayer Ga coverage during growth. This 
is in contrast to what has been observed with h-GaN, where the optimum growth conditions with regard to surface 
morphology are related to the formation of a Ga bilayer (c-plane, [9, 10]) or a trilayer (m-plane, [5]), respectively. 

It has variously been suggested that excess Ga acts as surfactant during the epitaxy of hexagonal-GaN [9, 11, 12]. We 
believe that our data shown in Fig. 2 clearly demonstrate that this effect exists also on the (001) surface of c-GaN. The 
width of the (002) X-ray rocking curve measured in double axis configuration of 1µm thick c-GaN layers grown with 
one monolayer coverage is about 16 arcmin. Among our c-GaN layers with equal thickness 16 arcmin is a minimum 
value. Gallium fluxes which are equivalent to a Ga coverage exceeding one monolayer lead to a pronounced increase of 
the roughness and the FWHM of the X-ray rocking curve. 

 

3.2 Cubic GaN 

High-resolution X-ray diffraction (HRXRD) allows to measure the density of extended defects in epitaxial layers. The 
full width at half maximum (FWHM) of the Bragg reflex measured in a direction perpendicular to the diffraction vector 
(ω-scan) is related to the intensity of extended defects in the layer. The ω-scan measures the intensity spread for the 
coordinate q⊥ in reciprocal space arising from both mosaicity and finite lateral domain size. Fig. 3 compiles HRXRD 
data from c-GaN layers with a varying thickness grown by MBE on GaAs [13,14] and 3C-SiC [15] substrates, 
respectively. A clear decrease of the FWHM with increasing layer thickness is seen and the values given in Reference 
[14] are quite comparable to our data. The linewidths measured for c-GaN grown on 3C-SiC substrates are 
approximately a factor of three narrower than that for layers grown on GaAs substrates. This may be expected due to the 
lower lattice mismatch of this system. The clear trend of decreasing FWHM with increasing layer thickness inmediately 
implies that the number of  extended defects is reduced in thicker epilayers.  

In Fig. 3 the rocking curve line width (ω-scan) of all our cubic GaN epilayers (full triangles) grown on 3C-SiC is plotted 
versus c-GaN layer thickness. Two effects can clearly be seen from this plot. First a severe reduction of the full width at 
half maximum (FWHM) with increasing epilayer thickness is observed. This linewidth dependence is consistent with the 
defect annihilation process observed in cubic GaN grown on GaAs (001) substrates [16]. Since in zinc-blende structure 
the stacking faults (SFs) lie on the (111) planes, an annihilation mechanism is possible, when two SFs, lying, for 
example on the (111) and on the (-1-11) planes intersect and annihilate simultaneously with the creation of a sessile 
dislocation aligned along [110] directions. For the case of 3C-SiC, where the lattice mismatch is only –3.7 % to cubic 
GaN, the full line shows the theoretical calculated FWHM as a function of layer thickness using the dislocation glide 
model by Ayers [17]. This model implies that the dislocation density Ndisl is inversely proportional to the layer thickness 
d and that the FWHM is proportional to d-1/2. In addition with this model order of magnitude accuracy in quantiative 
predictions of the dislocation densities for a number of heteroepitaxial systems can be achieved. The full line through the 
3C-SiC data shows this model calculation, which gives a relation between the dislocation density Ndisl, the lattice misfit 
between substrate and epitaxial layer and the thickness of the epilayer. In the calculation it was assumed that 60° 
dislocations with a Burgers vector of 0.32 nm are the predominant defects in the layers. The trend of the calculated curve 
is in excellent agreement with the experimental data. The estimated dislocation density Ndisl is shown on the right hand 
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scale of the diagram. Comparing the full curve with the experimental data (full triangles) a reduction of the FWHM by a 
factor 1.5 is still possible. By comparing our data with data cited in literature the dependence of the FWHM on film 
thickness has to be taken into account. Up to now, only two other groups reported data on GaN on 3 - 5 µm thick  
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Figure 3. Rocking curve linewidth of cubic GaN epilayers grown on 3C-SiC substrates versus thickness of the cubic 

epilayers. 

3C-SiC/Si (001) pseudo-substrates grown by chemical vapor deposition (open circle Ref. [18] and open squares Ref. 
[15]). As can be seen in Fig.3 we clearly are able to remain under the best cited values, indicating the improved structural 
quality of our c-GaN epilayers due to the availability of free standing, bulk like 3C-SiC (001) substrates. The HRXRD 
data are in good agreement with TEM investigations [14] which yield a defect density in the order of 109 to 1011cm-2. In 
addition, TEM measurements further showed that the density of stacking faults is drastically decreasing with increasing 
layer thickness. As mentioned above, the second parameter which strongly influences the quality of the cubic epilayers is 
the roughness of the 3C-SiC substrate. In Fig. 3 the linewidth of the rocking curve of 600 nm thick cubic GaN epilayers 
on 3C-SiC substrates varies from 60 arcsec to 20 arcsec for substrates with different surface roughness (indicated by the 
vertical dashed line). The root mean square (RMS) roughness of the corresponding 3C-SiC substrates as measured by 
AFM on 5 x 5 µm2 large areas varied between 11 nm and 0.7 nm, respectively. The smoother the surface of the 
substrates the narrower is the FWHM and the higher is the structural quality of the cubic epilayer. This observation is in 
agreement with measurements of Ref. [18] and indicates that a further improvement of the surface preparation (atomic 
flat surfaces) may allow to reach the theoretical limit indicated by the full line. Up to now, the X-ray rocking curve of a 
1µm thick c-GaN layer grown with 1 monolayer coverage was about 16 arcmin (see inset of Fig. 3), which to our 
knowledge is one of the best values reported so far. 

For the sake of completeness the shaded area in Fig. 3 depicts the range of FWHM values as measured for cubic GaN 
grown on GaAs substrates. However, the model of Ayers cannot be applied to heteroepitaxial systems with mismatch 
greater than about 10 % since in such systems the misfit dislocations are so closely spaced that the continuum elasticity 
theory cannot predict their line tension with acceptable accuracy. However, if we shift the calculated line upwards, one 
sees that for the c-GaN/GaAs case the same trend is observed (dashed line through shaded area). Therefore we think that 
the same defect annihilation process is also effective in the GaAs case. From the right hand scale we estimated a 
dislocation density of about 1010 cm-2 for a 1 µm thick c-GaN epilayer on GaAs (001).  

However, it is well known that hexagonal inclusions mainly grow on (111) facets and cannot be detected by 
ω−2Θ−scans. Therefore reciprocal space maps (RSM) of the GaN (002) Bragg-reflex were performed. The RSM of an 
600 nm thick cubic GaN epilayer on 3C-SiC substrate along the (-110) azimuth is shown in Fig. 4. Only a very weak 
intensities of the (10-11) and (-1011) reflexes from hexagonal GaN (indicated in Figure 4 by arrows) is measured 
yielding a content of hexagonal inclusions below 1 %. 
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Figure 4. Reciprocal space map of a 600 nm thick cubic GaN epilayer grown on 3C-SiC substrates. High intensity (002) 

Bragg relexes of c-GaN and the 3C-SiC substrate are observed. Only a very weak (10-11) reflex from hexagonal 
GaN is measured yielding a content of hexagonal inclusions below 1 %. 

Figure 5 shows the photoluminescence spectrum at 2 K in a semilogarithmic plot for a 0.8 µm thick 
stoichiometrically grown c-GaN epilayer deposited on a (001) 3C-SiC substrate. The near band edge 
spectral range is dominated by two well resolved peaks at about 3.26 eV and 3.15 eV with a full-
width at half maximum (FWHM) of 11 meV and 43 meV, respectively. Temperature dependent 
measurements of these two lines allow to assign the 3.26 eV emission to radiative recombination of 
an acceptor bound excitons (Ao,X) and the 3.15 eV line to a donor-acceptor recombination (Do,Ao) 
[19]. Above 3.3 eV, which is the value of the low temperature gap energy of the cubic GaN 
measured by photoreflection [20], the PL-intensity drops by more than three orders of magnitude. In 
this spectral region we find no trace of near-band-edge or defect-related [21] emission lines from 
inclusions of hexagonal crystal structure.  
In the energy range below 3.1 eV further optical transitions can be observed in the PL-spectrum of different samples. 
With decreasing energy the transitions occur at 3.07 eV, 3.03 eV, 2.97 eV, 2.85 eV, 2.65 eV and 2.4 eV. The intensity of 
these peaks are by more than one order lower than that of the dominating (Do,Ao) transition and vary significantly 
between different samples. Temperature dependent measurement of these lines show no characteristic 25 meV shift as it 
has been observed for the 3.15 eV (Do,Ao) transition. For that reason, these lines are either band-acceptor (e,Ao) or 
donor-hole (Do,h) transitions. Due to the larger binding energies of the involved defects the corresponding wavefunctions 
may be strongly localized. This reduces the recombination probability for donor-acceptor transitions and favours the 
band-impurity transition. Using a band gap energy of 3.302 eV [20] the energy levels of the defects are estimated to be 
0.232 eV, 0.272 eV, 0.332 eV, 0.452 eV, 0.652 eV, and 0.902 eV above the valence band or below the conduction band 
of c-GaN, respectively. Similar defects in c-GaN have also be seen by N.N. Zinov´ev et al. [22]. 

Additional valuable information about the electronic band structur of cubic GaN epilayers can be provided by studying 
the temperature and pressure dependence of the optical transitions in semiconductors [19, 23]. At temperatures above 
100 K the peak position of the exciton line follows exactly the energy gap measured by photoreflectance [20]. Assuming 
an exciton binding energy of Eexc = 26 meV excellent agreement is found between the experimental data and the 
temperature dependence of the exciton emission energy above 100 K. The 13 meV deviation at low temperatures is 
attributed to an increasingly stronger contribution of bound exciton transitions. Using Haynes rule [24], which has been 
confirmed in hexagonal GaN [25], and assuming that the excitons are bound to acceptors, we obtain an acceptor 
ionization energy of about 130 meV. This agrees well with the acceptor binding energy evaluated from the (Do,Ao) 
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transition. Using a donor and acceptor energy of 25 meV and 130 meV, respectively, and the temperature dependence of 
the energy gap [20] a temperature dependent emission energy of the (e,Ao) and the (Do,Ao) transitions are obtained. The 
good agreement with the experimental data supports the interpretation that in the cubic epilayers a shallow donor with 
ED = 25 meV and an acceptor with EA = 130 meV are involved in the observed near-band photo-luminescence. 
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Figure 5. Low temperature photoluminescence spectrum of cubic GaN epilayers grown on 3C-SiC substrates 

(logarithmic scale). In the inset the band edge region is plotted in a linear presentation. 

 

The dominating near band transitions ((D0,A0), (Ao,X) lines) are observed in all cubic GaN epilayers independent of the 
growth technique used and also independent of the substrates used. Therefore, the ratio of the PL-intensities of the 
(D0,A0) and bound exciton (Ao,X) lines is often taken as a measure for the quality of the epilayers [26]. However, since 
the nature of these two transitions is different the intensity ratio depends on the excitation intensity conditions. Recently, 
Daudin et al. [18] also showed that the ratio of these lines depends strongly on the Ga/N flux ratio and increases for Ga-
rich conditions. Therefore, it is not possible to use this ratio to compare different samples grown by different growth 
techniques if they are grown at different laboratories. 

  

3.3 Cubic InN 

Among nitride semiconductors, InN is the least investigated of all and is expected to be a promising material for high 
frequency electronic devices [27, 28]. The most important recent discovery about InN is that it has a much narrower 
band-gap than reported previously. For h-InN values between 0.6 eV and 0.7 eV are measured [29, 30]. Group III-
nitrides with cubic crystal structure are expected to have even lower band gaps and can be grown on substrates with 
cubic structure. However, the zinc-blende polytype is metastable and only a very narrow growth window is available for 
the process conditions [1]. 

Cubic InN films were grown on top of a c-GaN buffer layer (600 nm). The c-GaN buffer layer was deposited on free 
standing 3C-SiC (001) substrates at growth temperatures of 720 °C. For the InN growth the temperature was reduced and 
varied in the range of 419°C to 490°C, respectively. InN growth was started under In rich conditions at an In-BEP of 
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6.8*10-8 mbar which was decreased to 3.1*10-8 mbar after two minutes of growth. The thicknesses of the InN layers were 
at least 130 nm and the growth was continuously monitored by RHEED. 

HRXRD investigations were performed to determine the phase purity of our c-InN layers. All ω−2Θ−scans confirmed 
the formation of the cubic phase of InN. Bragg peaks observed at 35.8°, 39.9° and 41.3° correspond to c-InN (002), c-
GaN (002) and 3C-SiC (002), respectively. No additional reflection of h-InN grown in (0002) direction was detected. 
The full width at half maximum (FWHM) of the (002) rocking curve was 48 arcmin. The lattice constant derived from 
the ω−2Θ−scan is 5.01 Å +/− 0.01 Å in good agreement to the values published [9]. However, as  mentioned above 
hexagonal inclusions mainly grow on (111) facets and cannot be detected by ω−2Θ−scans. Therefore reciprocal space 
maps (RSM) of the GaN (002) Bragg-reflex were performed. The RSM along the (-110) azimuth is shown in the inset of 
Fig. 6. The growth temperature of this InN sample was 419°C. From the intensity ratio of the cubic (002) reflex to the 
hexagonal (10-11) reflex we estimate 95 % cubic phase in this InN layer. A RSM of the asymmetric GaN (-1-13) reflex 
shows, that the lattice of our c-InN layers is fully relaxed with respect to the c-GaN buffer.  

In Fig. 6 we plot the ratio of the intensities of the h-(10-11) Bragg reflex and the c-(002) reflex versus the growth 
temperature of different InN layers. We observe a strong decrease of hexagonal inclusions with decreasing growth 
temperature up to a minimum value of 5 %. This supports the idea that with decreasing growth temperature the sticking 
coefficient of In is increased, resulting in a higher density of cubic nuclei on the surface, which reduce the formation of 
(111) facets.  

The low temperature PL spectrum of an InN layer grown at 419 °C shows a peak at about 0.69 eV with a FWHM of 170 
meV [31]. We suppose that the broadening of the luminescence is due to the fact that the c-InN is degenerated. The high 
electron densities above 1019 cm−3 cause pronounced Burstein–Moss shifts at the gap. Taking into account non-
parabolicity and band filling effects, data analysis yields renormalized band edges Eg(n) close to 0.61 eV at low 
temperature for c-InN. Subtracting a temperature shift of about 50 meV between 10 K and 300 K the band-gap of c-InN 
is about 0.56 eV at room temperature. This value is in excellent agreement with measurements of the complex dielectric 
function for cubic InN by spectroscopic ellipsometry (SE) from the mid-infrared into the visible spectral region. From 
SE a zero-density band gap of ∼0.595 eV is estimated for c-InN. Therefore, the band gap of cubic InN is about 85 meV 
lower than that for hexagonal InN [32]. 
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Figure 6. Intensity ratio of the (10-11) reflex of 
hexagonal inclusions to the (002) Bragg 
reflex of cubic InN versus growth 
temperature of c-InN layers. The inset 
shows the reciprocal space map for the 
c-InN sample grown at 419°C. 
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Figure 7. Low temperature photoluminescence 

of  a cubic InN sample grown at 419°C. 
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A pronounced difficulty in the determination of the electrical properties of InN is due to the fact that electron 
accumulation is found to occur at the surface of wurtzite InN. Using x-ray photoemission spectroscopy a similar 
accumulation effect is also demonstrated for cubic InN [33]. The surface Fermi level pinning was shown to be the same 
for a-plane and for both polarities of c-plane wurtzite InN, although the pinning was slightly lower for zinc-blende (001) 
InN. This is due to the low Γ-point conduction band minimum lying significantly below the charge neutrality level. 
Therefore, the accumulation is shown and the accumulation seems to be a universal feature of InN surfaces. 

 

3.4 Cubic InGaN/GaN Quantum Wells 

For optoelectronic devices like high efficient green or blue LEDs InyGa1-yN/GaN quantum wells are the key elements in 
the active zones. In hexagonal InyGa1-yN/GaN MQWs, which are mainly grown in a (0001) growth direction, strong 
built-in electric fields due to the piezoelectric effect and spontaneous polarization severely reduce the radiative 
recombination efficiency for wider QWs [34]. For that reason, the optimal thickness of h-InGaN well is around 2-3nm in 
the h-InGaN/GaN system. Due to the higher crystal symmetry polarization fields are absent in cubic III-nitrides and due 
to the slightly smaller energy gap of the cubic nitrides (200 meV lower than the hexagonal counterpart), smaller mole 
fractions of In in the well of InyGa1-yN/GaN quantum wells are necessary to reach emission wavelengths beyond 510 nm.  

We have grown a 6-fold c-InyGa1-yN/GaN MQW on 3C-SiC substrates [35]. Figure 8 shows a typical XRD reciprocal 
space map around the (-1-13) reflection on c-InyGa1-yN/GaN MQW. The superlattice peaks are clearly resolved up to the 
5th order and the InyGa1-yN wells are pseudo-morphically grown on the GaN barrier layers. From the X-ray diffraction 
data an InyGa1-yN well thickness of 5.6 nm and a GaN barrier thickness of 12.1 nm are obtained. The In mole fraction is 
about 0.16. The strong and dominant room temperature 2.4 eV (510nm) MQW emission is shown in Fig. 9. The GaN 
emission can not be detected, revealing a high radiative recombination efficiency of the InGaN quantum wells. These 
properties indicate that cubic InyGa1-N/GaN MQWs seem to be the material of choice for the realization of resonant 
cavity light emitting diode (RC-LED) for the 500–570 nm spectral range [36]. 
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Figure 8. High resolution XRD reciprocal 
space map near (-1-13) reflection of a 6 
fold cubic In0.16Ga0.84N/GaN MQW 
grown on free standing 3C-SiC substrates. 
Arrow indicates 5th order superlattice 
peak. 
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Figure 9. Room temperature PL spectrum of a 
6 folds cubic In0.16Ga0.84N/GaN MQWs. 
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3.5 Cubic AlN 

AlN is a group III nitride wide-band gap semiconductor with a large thermal conductivity comparable to copper, a 
hardness close to sapphire and a high chemical stability. Until recently the meta-stable cubic phase of AlN had a 
considerable surface roughness, leading to short-circuits and broadening of confined electronic states of low dimensional 
structures [37,38]. However. the PAMBE growth of atomically flat c-AlN layers on freestanding 3C-SiC substrate was 
reported by us recently [39]. The growth procedure started with a deoxidation of the substrate. Surface oxides lead to 
blurred reflections of the cubic lattice, three dimensional islands on the surface cause disc shape reflections due to an 
electron  transmission component [40]. After cleaning the RHEED pattern of the 3C-SiC surface shows long thin streaks 
indicating a two dimensional oxide free surface with a (2x4) reconstruction and Kikutchi lines. The used cleaning 
process can be found in more details in Ref. 39.  

Due to its metastable nature, exposing a c-AlN surface to nitrogen lead to the formation of hexagonal clusters. However, 
growing c-AlN with one monolayer Al surface coverage can prevent hexagonal condensation [39,31]. Therefore, the c-
AlN nucleation on the 3C-SiC substrate was done under one monolayer (ML) of Al surface coverage. The substrate 
temperature was 730°C and the Al beam flux was 2*1014 cm-2s-1, respectively. The growth was monitored in-situ by 
RHEED. At the initial growth process a transition from a 2D to a 3D surface was observed. This transition is clearly seen 
in Fig. 10 if we compare the RHEED pattern after the deposition of 6 ML of c-AlN (Fig. 10(a)) with that after deposition 
of 30 ML (Fig. 10 (b)). The spotty reflections originating from an electron transmission component through islands on 
the surface are transformed into long streaks. After a smooth surface was established, growth interruptions of 30 seconds 
were applied every 20 atomic layers to avoid metal accumulation at the surface. RHEED intensity oscillations (not 
shown here) indicate a two-dimensional layer-by-layer growth and the growth rate was determined to be 0.2 ML/s. A 
smooth 2D surface is still seen after the growth of 142 nm (650 ML) c-AlN (see RHEED pattern in Fig. 10(c)).  

 
  Figure 10. RHEED images of the c-AlN surface during the initial growth process. (a) after growth of 6  ML, (b) after 

growth of 30 ML, (c) after growth of 650 ML. 
 
The cubic structure of the AlN layer is clearly shown by HRXRD measurements. In Fig. 11 the HRXRD (113) reciprocal 
space map of a 300 nm c-AlN layer on 3C-SiC is shown. The peak of the arrow 3 indicates the position of the 3C-SiC 
Bragg reflection, the peak of arrow 1 indicates the position of the c-AlN reflection. The elliptic shape originates from a 
mosaic structure caused by strain relaxation [41]. The main axis of the ellipse (white line in Fig. 11 labelled by 4) is 
perpendicular to the reciprocal lattice vector. A small shift of the c-AlN peak along the main axis can be interpreted as 
tilt of the c-AlN layer versus the substrate. Taking this tilt into account the position of the c-AlN reflection is shifted to 
the peak position indicated by arrow 2. The c-AlN lattice parameter in growth direction extracted from Fig. 11 is 4.373 Å 
+- 0.002 Å. 

The high surface quality of the c-AlN layers is verified with AFM. The AFM image of the c-AlN layer shows an 
atomically smooth surface with a roughness of 0.2 nm RMS. The according line scan depicts a peak-to-valley height of 
only 1 lattice constant over a lateral extension of ~ 2000 lattice constants. 

 A commercial ellipsometer was employed for recording the ellipsometric parameters Ψ and Δ under different angles of 
incidence (Φ: 60°, 67°, and 74°) in the photon (ħω) energy range from 1 to 6.4 eV. A home-made construction attached 
to the Berlin Electron Storage Ring for Synchrotron Radiation (BESSY II) allowed measurements of Ψ and Δ under 
Φ=67.5° from 5 to 10 eV with the set-up described in Ref. 42. The dielectric function (DF) was obtained by a multi-layer 
fitting procedure similar to the approach presented in Ref. 43. No assumption was made concerning the shape of the DF, 

a) b) c)
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Figure 11. HRXRD reciprocal space map of the (113) reflections of c-AlN and 3C-SiC. (1) position of the c-AlN peak, 

(2) position of c-AlN peak after tilt correction, (3) reciprocal lattice vector of 3C-SiC reflection, (4) axis for tilt 
correction perpendicular to (3). 

i.e. the real (ε1) and imaginary parts (ε2) of the DF were separately fitted for all photon energies. Figures 12 a) and b) 
summarize the results of the fitting procedure for one of the cubic AlN films (layer thickness here was 100 nm). The 
spectral dependence shows similarities to the recently reported results for the hexagonal counterpart [44] however, the 
characteristic energies E0, E1, and E2 differ appreciably.  

 

Figure 12. a) Real and imaginary part of the DF for c-AlN from 1 to 10 eV. b) Magnification of the region close to the 
absorption edge. 

The imaginary part of the DF exhibits a sharp onset at 5.88 eV which defines the direct excitonic band gap. Adopting the 
exciton binding energy of 50 meV for the hexagonal AlN [45] we determine the direct band gap (E0) at the Γ point of the 
Brillouin zone with 5.93 eV. This result is in excellent agreement to the calculated quasi-particle band gap of 5.86 eV if 
the lattice polarizability is taken into account [45]. For comparison, previous studies of mixed phase AlN yielded 5.74 eV 
for the zinc-blende compound [46]. The pronounced absorption tail below 5.88 eV in Fig. 5b) is attributed to phonon-
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assisted indirect absorption. The imaginary part differs appreciably from zero only above 5.3 eV, i.e. this energy defines 
the upper limit of the indirect band gap. A slightly lower value might be possible as well, but ellipsometry is not 
sensitive enough in the case of low absorption. Finally, the E1 and E2 transition energies at room temperature amount to 
7.20 and 7.95 eV, respectively. More results on the optical characterization are published elsewhere [44]. 

Atomically smooth c-AlN layers on 3C-SiC substrate have been grown by PAMBE. AFM scans and RHEED patterns 
verified the smooth surface. HRXRD measurements confirmed the cubic structure of the  c-AlN layers with a lattice 
parameter of 4.373 Å. Finally, we determined the dielectric function of c-AlN over a large spectral range yielding the 
direct and indirect band-gap energies at 5.93 eV and about 5.3 eV, respectively. 
 

3.6 Cubic AlGaN/GaN Quantum Wells 

Cubic AlxGa1-xN epilayers and cubic AlxGa1-xN/GaN MQW have been grown by MBE at 720°C. Such Al containing 
epilayers are necessary for cladding layers in laser diodes or LEDs and are also used in resonant cavity LEDs for the 
realization of AlxGa1-xN/GaN distributed Bragg reflectors.  

Figure 13 shows the XRD ω-2Θ scan of the (002) Bragg-reflection of a 15 period AlxGa1-xN/GaN MQW structure (upper 
curve). The reflections of the 3C-SiC substrate, of the c-GaN buffer as well as several superlattice peaks (SL-5 to SL+2) 
are clearly seen. This indicates a good AlxGa1-xN/GaN interface quality. The experimental data have been fitted using 
dynamic scattering theory (lower curve), yielding a well width of 10.2 nm, a barrier width of 10.8 nm and an Al mole 
fraction of x=0.3. These values are in excellent agreement with data, which were obtained from growth rate 
measurements using RHEED oscillation period. The appearance of RHEED oscillations after opening the Al shutter [40] 
emphasizes a two dimensional AlxGa1-xN growth mode at substrate temperatures of 720°C.  
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Figure 13. Measured ω−2Θ scan of 15 x Al0.3Ga0.7N/GaN MQW structure (solid line) and simulated data (dotted line). 

The well and the barrier width are 10.2 nm and 10.8 nm, respectively. 

To demonstrate the absence of internal spontaneous polarization fields in the cubic group III-nitrides cubic single and 
multi Al0.15Ga0.85N/GaN quantum wells were grown on 3C-SiC/GaN substrates [47]. The quantum structures consist of 6 
nm thick Al0.15Ga0.85N barriers and GaN wells with a width of 2.5 –7.5 nm and were sandwiched between 50 nm AlGaN 
cladding layers. During growth of Al0.15Ga0.85N/GaN QWs clear RHEED oscillations were observed allowing a stringent 
control of the growth rate and indicating two dimensional growth of the respective layers. The room temperature photo-
luminescence spectra of a multi quantum well (MQW) structure excited with a HeCd-UV laser is shown in the inset of 
Figure 14. The dimensions of the quantum structures are 3 nm thick wells and 6 nm barriers. We observe a strong 
emission at 3.30 eV, which lies between the c-GaN emission at 3.2 eV and the emission of the Al0.15Ga0.85N cladding 
layer at about 3.48 eV [48]. The PL linewidth of cubic QW luminescence is about 103 meV and is almost comparable to 
values reported for non-polar hexagonal AlGaN/GaN quantum wells [49]. We attribute the slightly broader linewidth in 
the cubic structures to the higher density of dislocations.  

Proc. of SPIE Vol. 7608  76080G-11



 

 

Figure 14 depicts the dependency of the QW emission energy on the well width for both cubic (blue squares) and 
hexagonal QWs (red dots). Therein, the shift in transition energies compared to the band gap energy is plotted versus 
well width. For our cubic Al0.15Ga0.85N/GaN QWs the peak energy of the emission exactly follows the square-well 
Poisson-Schrödinger model and demonstrates the absence of polarization induced electrical fields. For comparable 
hexagonal Al0.17Ga0.83N/GaN QWs on sapphire substrates the experimental data can only be explained if an internal 
spontaneous electrical field of 750 kV/cm is taken into account [50]. These results indicate that the well known 
thermodynamic metastability of the cubic nitrides does not necessarily limit their application for polarization free 
structures. 
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Figure 14. Transition energies of Al0.15Ga0.85N/GaN MQWs versus well width for cubic (blue squares) and hexagonal 

(red dots) MQWs. The squares and dots are experimental data; the curves are calculated using a self-consistent 
Poisson-Schrödinger model. For the hexagonal QWs an internal field of 750 kV/cm is estimated. Inset: Room 
temperature photoluminescence spectrum of a cubic MQW. 

 

3.7 Intersubband transition in cubic AlN/GaN superlattices 

Intersubband transitions form the basis for quantum well infrared photodetectors (QWIP) and quantum cascade lasers 
(QCL). Due to the wide band gaps and the large band offsets between AlN and GaN this group of III-Nitrides offer 
intersubband transitions in the technologically important infrared 1.3-1.5 µm spectral range. The growth of non-polar 
cubic GaN/AlN multi quantum well (MQW) structures on (001) oriented substrates will eliminate the detrimental strong 
spontaneous polarization fields, allowing easier design of the complex MQW structures with various quantum well 
widths as it is necessary for the QCL systems.  

Cubic GaN/AlN short period multi quantum well structures were grown at 720°C by using plasma-assisted molecular 
beam epitaxy on free standing 3C-SiC substrates [51]. The buffer layer was 100 nm thick GaN and the active region was 
composed of 20 periods of LW GaN/1.5nm AlN, where LW is the well thickness between 1.6 nm – 2.10 nm. The active 
region is then capped by a 100 nm thick GaN. The structural properties were measured by HRXRD. From the difference 
of the superlattice peaks in the ω-2Θ scan of the (002) reflection a periodicity of 3.1 nm was estimated by using a 
dynamic simulation program for a 20 period GaN/AlN MQW structure. From the knowledge of the growth rates of AlN 
and GaN, obtained from RHEED oscillations, a barrier and well width of 1.35 and 1.75 nm is determined, respectively.  

In Figure 15 the optical absorption spectra of the intersubband transitions measured at room temperature is shown for 
four different MQW samples with well widths ranging between 1.60 nm to 2.10 nm. All four samples exhibit strong 
absorption peaks in the spectral range of 1.5 -2 µm. In the inset of Fig. 15 the measured intersubband transition peak 
position energies (red circles) and the calculated (solid black line) transition energies using a square well self-consistent 
Poisson-Schrödinger model are depicted. It is clear from this figure that good agreement is obtained between theory and 
experiment. 
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Figure 15. Optical absorption spectra of the intersubband 

transitions in cubic GaN/AlN short period mult 
quantum wells (MQWs). Inset: Intersubband transitions 
energy vs. well width. Circles are the experimental data 
and the solid line is the results of the theoretical 
calculations. 

Figure 16. Optical absorption and photo-response 
spectra of the intersubband transitions in cubic 
GaN/AlN short period multi quantum wells 
(MQWs) at 77 K. 

Recently, photo-detectors based on intersubband transitions in molecular-beam epitaxially grown cubic GaN/AlN multi 
quantum wells were fabricated and tested [52]. The samples were polished into waveguide configuration on which the 
devices were fabricated and the photo-response spectra were collected in the temperature range of 77K - 215K under the 
influence of small bias voltages. All devices exhibit an photovoltaic effect where the photo-response is observed at zero 
bias voltage. Fig. 16 shows both the optical absorbance and the photo-response at 77 K of a cubic 1.6nm/1.44nm 
GaN/AlN short-period multi quantum well at 1.55 µm. 

4. CONCLUSIONS 
Cubic GaN, InN and AlN epilayers and cubic AlxGa1-xN/GaN and InyGa1-yN/GaN MQWs were grown by plasma 
assisted molecular beam epitaxy on 200 µm thick free standing 3C-SiC substrates. The influence of the surface 
roughness of the 3C-SiC substrates and the influence of metal coverage during growth are studied in detail. Optimum 
growth conditions of c-III nitrides were found, when one monolayer Ga coverage is formed at the growing surface. X-ray 
diffraction revealed superlattice peaks up to the 5th order indicating smooth interfaces. The improvement of the structural 
properties of cubic III-nitride layers and multilayers grown on 3C-SiC substrates is demonstrated by a 1 μm thick c-GaN 
layer with a minimum x-ray rocking curve width of 16 arcmin, and by c-AlGaN/GaN and c-InGaN/GaN MQWs which 
showed up to five satellite peaks in X-ray diffraction. These results demonstrate that due to the availability of free 
standing, bulk like 3C-SiC (001) substrates and the improved structural quality of our cubic group III-nitride epilayers 
the way for future realization of optoelectronic devices is also opened for cubic nitrides. 
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